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ABSTRACT OF DISSERTATION

DERIVATION, EXPLORATION AND EVALUATION OF NONEQUIATOMIC HIGH ENTROPY ALLOYS
High-entropy alloys (HEAs) are a class of multicomponent alloys based on an
innovative alloying strategy that employs multi-principle elements in relatively high
concentrations. Commonly defined as alloys that contain at least five principal elements,
each with a concentration between 5 and 35 at %. The term entropy refers to the excess
configurational entropy associated with HEAs, which is thought to facilitate the formation
of solid solutions. The design strategy results in vast compositional space for exploration
and innovative potential triggering a renaissance in physical metallurgy. These alloys may
have favorable properties compared to conventional dilute solid solutions, but their
preeminent complexity and relative novelty mean that they are difficult to design and
explore. Numerous studies in this field have explored and developed these alloys motivated
by the primary HEA concept, which postulates that maximum configurational entropy can
be achieved through equiatomic ratios, which, in turn, will stabilize single-phase solid
solutions. However, a growing number of studies have shown that entropic stabilization
alone is insufficient, and the optimal balance may be found in non-equiatomic mixtures.
The primary objective of this work is to develop and evaluate single-phase nonequiatomic HEAs with unique compositions that will improve fundamental understanding
and/or raise new questions and challenges. The findings in this work address multiple
aspects of HEA development, focusing on methodology, discovery, and physical
properties.
For the first part of this work, the association between the thermal history and the
resultant phases and microstructures is investigated for the equiatomic CrMnFeCoNiCu
system. Motivated by the natural phenomena of crystal growth and conditions of
equilibrium, we introduced a method that is applicable to HEA development, where
controlled processing conditions decide the most probable and stable composition. This is
demonstrated by cooling an equiatomic CrMnFeCoNiCu from the melt within 3 days. This
results in large Cr-rich precipitates and almost a Cr-free matrix with compositions within
the MnFeCoNiCu system. From this juncture, it is argued that the most stable composition
is within the MnFeCoNiCu system and not within the CrMnFeCoNi system. With further
optimization and evaluation, a unique non-equiatomic alloy, Mn17Fe21Co24Ni24Cu14 is
derived. The alloy solidifies and recrystallizes into single-phase FCC phase and can be
used in fundamental studies that contrast the equiatomic counterpart.

The second part of this work utilizes a thin-film combinatorial approach to develop
a compositional and structural library for the OsRuWCo alloy system. A total of 24 unique
compositions were produced, representing a structural library in which amorphous
hexagonal closed-pack structures hexagonal closed-pack structures and single phase
hexagonal close-pack (HCP) structures are identified. From a selected film composition, a
new high-entropy bulk alloy with OsRuWCo in nonequiatomic portions was synthesized.
The alloy exhibited a single-phase HCP structure in the as-cast state. Three derivatives
from this system were also produced considering heats of mixing, atomic size, and binary
solubility. These derivatives are OsRuWCoIr, OsRuWCoFe, and OsRuWCoMoRe and all
exhibit single-phase HCP as-cast structures, based on x-ray diffraction and electron
microscopy. Additionally, this large compositional space was utilized to evaluate
conventional parameters that describe high-entropy alloys. Trends illustrating the evolution
from amorphous to crystalline phases are discussed.
A further part of this work evaluates the strengthening due to grain size reduction
for the newly developed Mn17Fe21Co24Ni24Cu14. Tensile tests were performed on samples
with microstructure with grain size ranging from ~7 um to 120 µm. The study addresses a
significant challenge in HEA research in which the available sample size in laboratory
settings hinders mechanical testing and evaluation of HEAs in tension. This is overcome
by developing a furnace casting method that produces ingots large enough to produce
multiple tensile specimens. The alloy exhibits excellent strengthening tendencies with an
=
210 + 666 D and
increase in yield stress based on square root scaling taking the form σ
y

σ y 268 + 1447 D − 0.96 with an unconstrained scaling exponent. Furthermore,
the form =
the strengthening phenomena and the physical interpretation of the observed strengthening
in HEAs are evaluated with discussions aimed at answering the fundamental question: “Do
HEAs exhibit exceptional size effects?”
KEYWORDS: Transition Metal Alloys and Compounds, High Entropy Alloy, MultiPrincipal Element Alloys, Size Effects, Thin Films.
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INTRODUCTION
The importance of metals and alloys in the advancement of human civilization is
symbolized by historical stages named after both Iron and Bronze. The dependence on
these materials has led humankind on a journey of discovery and advancement, resulting
in the development of scientific metallurgy as it is known today. Significant advancements
took place in the late 19th century, followed by rigorous progress in the 20th century. These
progressions all aimed to satisfy the growing demands of warfare, agriculture, and
transportation in the modern world.
In a traditional sense, the term alloy describes a mixture of atoms with a primary
metal solvent and secondary metal or non-metal solute. Similar requirements are necessary
and relate to any given property of that alloy. For example, material development is
dependent on the properties of the base metal, where small alloying additions augment the
average properties. Depending on the base metal, compatibility of the alloying metal is
governed by the Hume-Rothery rules, which describe a set of rules for solubility based on
crystal structure, atomic size, valence, and electronegativity [1]. The complete dependence
of a solvent or base element is attributed to the alloy and characterized by the major
element, i.e., Fe-base alloys, Ni-base alloys, or Co-base alloys. Thousands of advanced and
high-performance alloys have been developed over the past several decades in accordance
with the above criteria.
Despite major advancements in modern technology, the physical world still runs on
energy. As the global population grows and technology advances, so do the needs for
energy, which requires a balance. To maintain this balance, high-performance materials
with a diverse set of improved properties are required to offset the energy consumption.
Recent advancements in computation and materials characterization have led to an
acceleration in the progress of advanced alloys that fill some of these needs. Improvements
of application-specific properties are engineered by fine tuning through computational
methods and rigidly controlling the solute and precipitate concentrations. Such
developmental methods quench application-specific demands but lack the innovative
potential for developing new alloys with a broad set of improved properties. For example,
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application areas such as engine materials require high-temperature strength, creep
resistance, thermal stability, and oxidation resistance while remaining lightweight to
conserve energy. A reliance on one or two major elements will eventually reach a limit.
Such a demanding combination of properties may not be realized by conventional alloy
development and will require alternative systems with higher innovative potential.
Motivated by innovation incentives and pure interest, two researchers named JienWei Yeh and Brian Cantor have developed alloys defined by a spectrum of elements, rather
than one or two principal elements. Both published their seminal papers internationally in
2004. Yeh defined his findings as “High Entropy Alloys” (HEAs) [2], and Cantor defined
his as multi-principal element alloys (MPEAs) [3]. The first examples of these alloys were
equiatomic CrMnFeCoNi, [3] which forms a single-phase face-centered cubic (FCC)
structure, and CrFeCoCuAl [2], which forms a microstructure with both body-centered
cubic (BCC) and FCC phases. This strategy based on mixing multiple elements in high
concentrations might seem obvious in retrospect, and one may wonder why this curious
and creative approach was not considered earlier. These ideas were, in fact, explored in the
early 1980s by Cantor, Yeh, and others, who did not publish their findings. The
metallurgical community did not consider development of these processes to be a serious
endeavor, due to the counterintuitive approach that contradicts conventional rules and
guidelines. Accordingly, such multi-elemental alloys may develop several phases,
including intermetallic and complex structures that would be difficult to analyze and
engineer. However, the findings by Cantor and Yeh demonstrated the formation of singlephase structures and additional investigations in the following years demonstrated unique
and desirable properties [4-8].
Departure from conventional predictions led Yeh to postulate that the higher
configurational entropy associated with these alloys could facilitate the formation of solid
solutions with simple structures. From this juncture, the term “High Entropy Alloys”
emerged, with the criterion that HEAs must contain at least five principal elements, each
with a concentration between 5-35 at. % [9, 10]. However, there is no universally agreed
upon definition, and considerable debate concerning what criteria describe an HEA is
ongoing today and will be discussed in the following chapter.
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Regardless of its definition, the concept of multi-principal element alloys has
triggered a renaissance in physical metallurgy as a potential new paradigm in alloy
development. Cantor [11] pointed out, that even with a restricted range of alloying elements
(only considering practical elements), over 1078 different compositions are possible. This
astronomical number of possibilities has high potential to produce new alloys with
desirable properties that are not possible in conventional systems. For example, as shown
in Figure 1, a refractory based HEA (V20Nb20Mo20Ta20W20) retains its strength over a much
larger temperature range than Inconel 718 and Haynes 230 [12].

Figure 1-1 Elevated temperature strength of refractory HEAs,
compared with traditional high-temperature super alloys. Taken from
[12].

Additionally, impedance of dislocation motion [13], slow diffusion kinetics [14],
corrosion resistance [6], and many other properties have been observed for a single system
[11, 13, 15-17]. Based on these observations, it is hypothesized that the unique and
promising properties emerge because of the chemical complexities of HEAs, categorized
by four core effects: i) The high entropy effect; ii) The severe lattice distortion effect; iii)
Sluggish diffusion effect, and iv) The “cocktail effect” [18].
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HEAs are emerging on the center stage of modern materials research driven by
innovative potential and the pursuit to quench technological or economic demands. To
date, hundreds of researchers worldwide are actively developing HEAs [5, 11, 18]. Even
with abundant literature focusing on the advancements and discoveries of HEAs,
fundamental questions remain, resulting in fruitful debates and contradictions. Unresolved
and controversial issues; include unpredictability, phase stability, deformation
mechanisms, and alloy design rules, all of which require a fundamental understanding of
the mechanisms governing composition-structure-property relations [18, 19].
To uncover fundamental mechanisms, one requires “true” single-phase HEAs,
which in turn have been one of the motivating topics in HEA research [20-22]. It became
evident early on that developing HEAs with single-phase formation is attributed to a unique
compositional space and is extremely challenging. This can be appreciated by considering
the multi-element concept and the associated astronomical number of combinations. As
reviewed in [23], the most widely used system that is considered a model single-phase
HEA remains the Cantor system, CrMnFeCoNi, and its derivatives. However,
contradictions and questions regarding phase stability and the role of entropy emerged after
discovering that the system forms intermetallic phases after prolonged annealing at
moderate temperatures [24].
The primary objective of this study is to develop and evaluate single-phase HEAs
with unique compositions that will enhance fundamental understanding and/or raise new
questions and challenges. While simply stated, there is one intrinsic issue in determining
such a system. Out of all the possible elemental combinations, which combination will be
most stable and why?
In Chapter 2, this work begins with a review of the literature on key ideas,
definitions, and properties of high entropy alloys. A full overview of techniques and
methods for producing and evaluating alloys is given in Chapter 3. Chapter 4 introduces a
method applicable to HEAs, where controlled processing conditions decide the most probable and
stable composition. This is demonstrated by cooling an equiatomic CrMnFeCoNiCu from the melt
within 3 days. Which results in large Cr-rich precipitates and almost a Cr-free matrix with
compositions within the MnFeCoNiCu system. From this juncture, a detailed evaluation argues that
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the most stable composition is within the MnFeCoNiCu system and not within the CrMnFeCoNi
system. In Chapter 5, a thin film combinatorial approach is introduced and utilized to develop a
compositional and structural library for a OsRuWCo system, From the survey of this alloy space,
derivative HEAs based on OsRuWCoIr and OsRuWCoFe with single phase hexagonal close
packed structures are discovered and evaluated. Finally, in Chapter 6 concepts of size effects
regarding HEAs are critically reviewed. Furthermore, based on this evaluation the Hall-Petch
relationship of the newly derived non-equiatomic MnFeCoNiCu system is evaluated in tension.
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BACKGROUND
2.1

Concepts Defining High Entropy Alloys
The term alloy describes a mixture of atoms with a primary metal solvent and

secondary metal or non-metal solutes. Depending on solid solubility, the mixture of atoms
may produce solid solution (SS) phases of several types, or intermediate phases known as
intermetallic (IM). Solid solutions are distinctive in that atoms of different elements can
share together various sites of a common crystalline lattice. Generally, if there is a base
metal, the crystal structure remains unchanged upon adding other elements within a
solubility limit. Intermetallic phases are distinct in that solubility of another element is
restricted around a stochiometric ratio and often possess structures that are different than
that of the parent element. Let us consider a mixture of two arbitrary elements A and B.
The product may be a single phase solid solution (SS) or intermetallic (IM) or dual phase
consisting of combinations of both. The type of phase or phases present in thermodynamic
equilibrium will depend on the free energy of the product following the reactions:

A + B → SS : ∆Gss =∆H ss − T ∆S ss
A + B → IM : ∆GIM =∆H IM − T ∆S IM

(2.1)

where ∆G, ∆H , ∆S , T are the changes in molar Gibbs free energy, enthalpy, entropy and
absolute temperature respectively, with subscripts “SS” and “IM” symbolizing solid
solution formation and intermetallic formation. The extent to how many phases may form
and coexist in the system is led by the Gibbs phase rule. For an isobaric system, it follows
the equality:
P = n − f +1

(2.2)

where f is the number of degrees of freedom, denoting the number of intensive variables

that can be altered without disturbing equilibrium (temperature and composition for
metallurgical processes), n is the number of components and P denoting the maximum
number of possible phases in equilibrium. Considering the combination of the A and B
with constant temperature and composition, the phase rule predicts Pmax = 3 , which is rare

but possible. In realistic conditions, e.g., room temperature, the maximum phases that may
be present is 2. For a case where only a single phase SS (or IM) is present, the free energy
of mixing must be more negative (or lower) than the free energies of formation of all
possible IM (or SS) phases and mixtures of both. Since the free energy is expressed in
terms of ∆H , ∆S , T , the final value will depend on thermal and compositional factors
influencing the enthalpy and entropy terms. The enthalpy term depends on the interaction
or bond energies between the constituents’ and influenced by electronic, magnetic and
vibrational effects. The entropy term has contributions from statistical mixing, vibrational
effects, electronic randomness, magnetic dipole, clustering of atoms and configurational
interactions. The major contribution to entropy comes from statistically mixing of atoms
and may be defined by the Boltzmann’s equation:

k ln(W )
∆S mix =

(2.3)

Where ∆S mix is the entropy of mixing, k is Boltzmann constant and W is the number
of microstates available to the system or alternately the number of distinguishable
arrangements available for the constituent atoms. Let us consider the mixing of NA A atoms
and NB B atoms. In the unmixed state, A or B atoms each have NA and NB sites, that are
indistinguishable pure states. However, upon mixing the interchange of A and B atoms will
result in a total of N=NA+NB atoms, which may be arranged (NA+NB)! ways, of which
(NA+NB)! /NA! NB! are distinguishable. Therefore, the term W equates to:
W=

( N A + N B )!
N A !NB !

(2.4)

for a large number of atoms, Stirling’s approximation will reduce the form to:
 ( N + N B )! 
ln (W ) = ln  A
 = ( N A + N B ) ln( N A + N B ) − N A ln N A − N B ln N B
 N A !NB ! 
=
− N A ln X A − N B ln X B

(2.5)

where XA and XB are the atomic fractions of A and B. In the case where N=No (Avogadro’s
number) the entropy term may be represented by:
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n

∆S mix =
− R( X A ln X A + X B ln X B ) =
− R ∑ X i ln X i

(2.6)

i =1

where R is the gas constant, 8.314J/K/mol. We see that the mixing process, increases the
number of spatial configurations which in turn increase the entropy. Thus, the process is
configurational in origin and often interchangeably defined as ∆Sconf and reaches a
maximum for equimolar mixtures as illustrated in Fig. 2.1. It is of particular interest here
to note that there is a sharp increase in entropy as result of adding a second element, even

Figure 2-1 Configurational entropy as a function of composition for a binary
mixture between A and B.
in small quantities. This fact accounts for difficulty producing pure elements, given that
the negative entropy term lowers the free energy compared to its pure state. If we assume
an ideal mixture, where there are no interactions between A and B, such that ∆H =
0 , the
free energy will be given by ∆G =−T ∆S mix , resulting in a fully disordered SS. If there are
interactions between the A and B atoms such that ∆H ≠ 0 , the result will depend on
competing factors between the enthalpy and entropy terms at a given temperature and
composition. SS phases may be maintained if the free energy is dominated by the entropy
8

term and will depend on the nature of A-B interaction. If A and B atoms have a strong
affinity to maximize A-B contacts, the configurational factor will diminish, and the
resulting alloy will form ordered SS or intermetallic compounds. If A and B atoms have an
affinity to minimize A-B contacts, phase separation or clustering will occur. In alloy
design, compatibility between the elements A and B are guided by the Hume-Rothery rules
[25], along with T-X phase diagrams, which are graphical representations of the loci

thermodynamic variables at equilibrium as shown in Figure 2.2.

Figure 2-2 Example of phase diagram construction Gibbs free energy
curves at two different temperatures with local minima at points P and
Q. Taken from[26].
Now let us employ the multi element concept to an arbitrary set of elements A, B,
D, E, F. Etc..... Based on the above example, the combination of elements makes the
situation more complex by adding more components to the system which in return increase
the number of potential phases that may coexist. For example, for a 5 component alloy, the
9

maximum number of phases at a fixed temperature is 5 suggesting that various types of SS
and IM phases may form and coexist. However, results shown by Yeh [27] and Cantor [3]
showed the formation of 1 or 2 phases, with simple crystal structures such as BCC and
FCC. While the phase rule suggests the possibility of multiple phases, it does not restrict
the formation of a 1 or 2 phases. The novelty here may be realized by considering the
increase in the likelihood of forming multiple phases while only observing a few, which
are solid solutions. With this observation, Yeh used a very fundamental alloy physics
argument and hypothesized that the lack of intermetallic and structural complexity results
from entropic stabilization.
To understand the role of entropy in stabilization we must recognize that conditions
of equilibrium for a given phase depend on the respective values of the Gibbs free energy,

∆G =∆H − T ∆S of other phases and the variations of each with respect to temperature and
composition. We previously shown that in an ideal solution, ∆G =−T ∆Sconf , and the
product mixtures form a disordered solid solution. In other words, the driving force for
solid solution formation is entropic. There is always competition between ∆H and ∆S in a
nonideal mixtures, which give rise to formation of other phases or stability within a
solubility limit. However, the entropy term is maximum at equimolar ratios and increases
as the number of components increase. As such, observation of predominant solid solutions
in 5 or 6 component mixtures simply implies that | T ∆Sconf |  |∆H| , giving rise to
entropic stabilization. The process of HEA formation is illustrated in Fig. 2.3

Figure 2-3 Illustration of multicomponent alloy formation, A) before and B) after
mixing five components. Taken from [28].
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2.2

Definitions of HEAs, MPEAs and CCAs
The definition of HEAs is well trodden and has been the center of much debate,

confusion and misinterpretation. There are two primary definitions of HEAs, one based on
composition and the other based on entropy. The composition based definition dates back
to the earliest publication and loosely defines the alloys as those composed of five or more
principal elements in equimolar ration”, and later expanding to alloys containing principal
elements with concentration of each between 35 and 5 at%[27]. Following publications by
Yeh and co-authors [4, 9, 29] interchangeably defined the alloys as Multi-Principal
Element alloys or Multi-Principal High Entropy alloys with emphasis of entropy and lack
of a dominant element as the motivation for design.
Perhaps due to the scientific curiosity generated using the term “entropy”, the
entropy based definition was proposed later to classify the alloy world based on entropy,
which is illustrated in Fig 2.4. According to this classification, HEAs are alloys that have

Figure 2-4 Division of alloy world based on configurational entropy.
Taken from [15].
configurational entropies greater or equal to 1.5R, with no restrictions on multi or singlephase presence. It should be noted here, that in [15], specific emphasis is put on what is
considered a solid solution state in the context of defining HEAs. Where solid solution
states are defined as “liquid solution and high-temperature solid solution states, where the
thermal energy is sufficiently high to cause different elements to have random positions
within the structure”. This implies that HEAs are defined by their liquid state or the high
temperature solid state and does not put any restriction on what is observed in the room
11

temperature state. In fact, Yeh [15], also acknowledges that intermetallic or ordered phases
form in HEAs and often include multiple elements, which reduce the degree of ordering.
While the motivation for both definitions is the same, there are some differences
between the two. According to Miracle and Senkov [23], the maximum and minimum
values of configurational entropy for a five- component system are 1.61R and 1.36R. The
lower bound is consistent with the compositional definition but not with the entropy
definition. Perhaps because of such inconsistencies or misinterpretations, some researchers
have defined HEAs as only single phase, with no intermetallic, and the presence of
intermetallics as proof to dispute the concept, even though no such restriction is given in
the primary definitions.
Thus far, the motivation for HEAs has shifted toward developing single phase solid
solutions and understanding the factors that govern such formations. Miracle and Senkov
[23], propose that the focus should remain on the concept's goal, which is "to explore the
enormous number of possible alloys," in order to reduce redundancy, confusion, and
controversy. To that end, they propose definitions that have no bearing on entropy, the
number of components, or the number or type of phases. MPEAs, complex concentrated
alloys (CCAs), and baseless alloys are examples of these.
2.3

Core Effects of HEAs
Physical properties of alloys are manifestations of microstructure, phase,

composition, structure, thermodynamics and kinetics which are all sensitive to process
variables. In HEAs, five core effects are used to describe the physical metallurgy of the
alloys:
i.

The high entropy effect

ii.

Severe lattice distortion effect

iii.

Cocktail effect

iv.

Sluggish diffusion effect

v.

Short range order effect.
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2.3.1 The High Entropy Effect
The high entropy effect implies that high mixing entropy enhances mutual
solubility among the constituent elements at relatively high temperatures, which evidently
reduces the number of phases that may form [15]. It is necessarily important to note here
that the high entropy effect does not guarantee single phase solid solutions or prevent the
formation of intermetallics. In fact, the postulate given by Yeh, [15] includes the possibility
of intermetallics in cases where strong affinity between some of the constituents exists.
Even in such cases, the intermetallics are composed of multiple elements with a reduced
degree of ordering.
2.3.2 The Severe Lattice Distortion Effect
If the lattice sites in HEAs are made up of different atoms of varying sizes, a logical
argument would imply that such a periodicity would result in a distorted lattice. According
to the lattice distortion effect, the size differences in HEAs are large, resulting in severe
lattice distortion. The effect is thought to be responsible for the observed high strength,
reduced electrical and thermal conductivity [10, 18] and reduction in peak intensities [30]
as illustrated in Fig. 2.5.

Figure 2-5 Reduction in peak intensities in XRD as function of number of
components (a), illustration of incident x-rays on perfect lattice, and a distorted
lattice(b-c) and (d) effects of temperature and distortion effects resulting in a
combined effect. Taken from [30].
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2.3.3 Sluggish Diffusion Effect
Diffusion in crystalline solids is defined by the local atomic migrations from their
equilibrium sites to another. Phase separation or phase transformations depend on
cooperative diffusion of elements. Two general mechanisms are exchange mechanisms and
mechanisms involving point defects. More complex mechanisms are usually devised to
account for abnormally fast or slow phenomena [32]. On this basis, the sluggish diffusion
effect is used to explain the observed inhibition of phase separation during cooling in as
cast HEAs, higher recrystallization temperatures, sluggish grain growth kinetics and
presence of nano-precipitation. Additionally, Tsai et al.[33] found that diffusion
coefficients of the constituents in the CrMnFeCoNi alloy are lower than the diffusion
coefficients of conventional alloys that contain each element. While the exact mechanism
is still unknown, the sluggish diffusion effect is explained by the variations in lattice
potential energy from site to site as illustrated in Fig. 2-6.

Figure 2-6 (a) Latice potential energy curves for Ni, Fe-Cr-Ni and CoCrFeMnNi as
a function of Ni migration, (b-c) illustration of atomic jumps in a dilute alloy and
HEAs, respectively. Taken from [31].
A 2-D configuration of lattice points in a dilute alloy with two vacancies is
illustrated in Fig. 2.6b. There are five alternative methods for a vacancy to migrate; take
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note that exchange 3 dissociates the vacancy from the solute atom, whereas exchange 4
binds the vacancy with the solute atom. The vacancy migration circumstances change when
the solute atom fraction is increased to 18%. (Fig. 2.6c). The migration of vacancies to sites
A, B, C, and E increases the vacancy-atom bond to 2, but other conceivable vacancy
motions have no effect on the vacancy-atom bonds. The migration of vacancy to a new
place is energetically different due to variations in vacancy-atom binding energy. The
concept is expanded in Fig. 2.6d to a multi-element system. Different atoms occupy
adjacent lattice points to a vacancy. The difference in intrinsic diffusivity and vacancy bond
energy for each element, together with the variation in contact energy, causes the vacancy
jump to be more coordinated than random, resulting in sluggish diffusion in HEAs.
2.3.4 The Cocktail Effect
HEAs can be single phase solid solutions, or multiphase, but ultimately depend on
the overall composition and processing history of the system. Overall structure and
properties derive from the constituent phases, elements, shape, size, boundaries,
distribution and individual properties of each element and phase. Its composite features are
derived not only from the basic properties of elements as determined by the mixture rule,
but also from the mutual interactions of all elements and the extreme lattice distortion.
Excess amounts would be produced via mutual interaction and lattice distortion in addition
to those predicted by the mixture rule. The term "cocktail effect" refers to a variety of
phenomena ranging from atomic-scale multicomponent composite effect to microscale
multiphase composite effect[13, 19].
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Figure 2-8 Aberration-corrected TEM map showing the elemental distribution in
the MnCrFeCoNi Cantor alloy. Taken from[37]

Figure 2-7 Example of the "Cocktail effect" in the AlxCoCrCuFe
system. Taken from [2].
Figure 2.7 shows the cocktail effect caused by constituent element interaction in
the AlxCoCrCuFeAl alloy, which results in a phase transformation from an FCC structure
to a BCC when the Al concentration is increased over a critical point.

2.3.5 The Short Range Order Effect
The short range order effect stems from the notion that configurational entropy,
likely deviates from a fully random disordered state. Thus, chemical variations in the nanoscale are to be expected, and manifest towards clusters and variations in local atomic
coordinates [34]. These clusters would strongly affect the movement of dislocations, vary
the local stacking fault energies and consequently enhance mechanical properties of HEAs
[34-36]. The effect is illustrated in Fig. 2-8 and microstructurally evidenced in Fig. 2-9.
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Figure 2-10 Illustration of the Short range order effect and the consequential
variation in deformation modes. Taken from [35].

Figure 2-9 Aberration-corrected TEM map showing the elemental distribution in
the MnCrFeCoNi Cantor alloy. Taken from[37]
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2.4

Overview of HEAs

2.4.1 General Classification of HEAs
In a fundamental sense, alloys are defined as mixtures of atoms that are
characterized by the physical state, composition, spatial arrangement, and distribution of
their atomic components. From this perspective, alloys are commonly classified as solid
solutions (SS) with atomic distributions ranging from fully disordered to ordered and
intermetallics (IM) with more complex structures. From a practical perspective, alloy
creation is motivated by a desire to improve and control properties specific to a given
application. Moreover, in this context, properties derive from a primary metal with given
physical properties. To this effect, practical alloys require additional classifications, which
include, but are not limited to, the family of primary elements, microstructure, properties,
thermal history, deformation mechanism, and intended function. A common example of
classifying Aluminum alloys is illustrated in Fig.2-10.

Figure 2-11 Classification of Aluminum alloys, which includes
processing, thermal history and alloying.
In contrast to conventional alloys, HEAs, are not defined by a primary element, and
classification usually resorts to the definition of HEAs, e.g., alloys with high
configurational entropy that favor disordered solid solutions with simple structures. To
date, over 400 alloys including more than 37 elements from the periodic table have been
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reported [23]. The statistics of constituent elements reported in literature are summarized
in Fig. 2-11.

Figure 2-12 Incidence of various elements used to produce over 400 alloys in
HEAs. Taken from [23].
One significant disadvantage of such a classification is that it is incapable of
distinguishing the large number of alloys and their properties accurately and efficiently. As
discussed in [23, 31, 38], additional research has suggested more comprehensive
classifications that provide more focused topics. Elements are grouped together with
characteristics or combinations that tend to produce a specific structure, microstructures,
or properties. More specifically, seven alloy families are introduced. These families include
3d transition metal HEAs, refractory metal HEAs, light weight HEAs, HEAs, 4f lanthanide,
HEA bronzes and HEAs that form carbides bromides and nitrides[23, 31]. Moreover, each
alloy family may be sub classified by a known structure, properties or microstructure.
A brief overview of a classification of some common HEAs is presented in Fig. 212. Type 1, include 3d transition metals and are usually observed to form FCC structures,
Type 2, include 3d transition metals in combination with a larger element such as Al and
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Figure 2-14 Classification of HEAs based on structure and constituent
elements. Taken from [38].
may form FCC, BCC or combination of both, Type 3 utilize refractory metals and are
commonly observed to form BCC structures, and Type 4, which may contain precious
metals, lanthanides, exotic or expensive elements and include HCP, BCC or FCC
structures. Each type and crystal structure are associated with a characteristic behavior,
which are shown in Fig. 2-12.

Figure 2-13 Characteristic stress strain curves of Type1, 2, 3 HEAs presented in (a),
(b) and (c) respectively; (d) elevated temperature yield strength of the three types of
HEAs compared to conventional high temperature alloys. Taken from [38].
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For Type 1 alloys, the general trend is an FCC structure with high ductility and strain
hardening. A similar trend is seen in Type 2 alloys, with larger atom additions increasing
yield strength, transitioning to BCC structures, and decreasing ductility. A BCC structure,
high yield strength, and mechanical response with a low strain hardening exponent
characterize Type 3 HEAs. Type 3 alloys also have superior high temperature strength
when compared to conventional refractory alloys, making them a viable candidate for high
temperature refractory applications. Verry little is known about the mechanical response
of Type 4 HEAs forming HCP structures, but those that form FCC structures, the
mechanical response is like those of Type 1 or Type 2.
2.5

Overview of Single Phase HEAs
Out of over 900 alloys reported to date, 23 different crystal structures have been

identified, including the primary FCC, BCC, HCP solid solution phases, as well as 20
others that include intermediate, intermetallic or compound phases [21, 23, 39]. None SS
phases are usually denoted by the Strukturbericht notation [40] or simply as generalized
IM phases. The frequency of each type of phase reported is shown in Fig. 2-14.

Figure 2-15 Incidence of phases observed in HEAs based on 648
microstructures evaluated in[23].
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FCC phases are most frequent observed, followed by BCC and IM structures. These
are usually observed in SS phases as single phase or multiphase. Summary of number of
phases within a microstructure are given in Fig 2-15.

Figure 2-16 Incidence of 1-6 phases observed and incidence of single
phase FCC, BCC, HCP and IM phases observed in evaluated
microstructures. Data taken from [23].
Up to 6 phases within a given microstructure have been observed, with duplex
microstructures being the most common, followed by single phase microstructures. For
single phase microstructures, the most frequently observed structure is FCC, followed by
BCC and B2 intermetallics. Only 7 HCP structures have been reported so far.
2.5.1 Single Phase FCC Alloys Systems
With the exception of AlLiMg0.5ScTi1.5 [23], alloys that form single phase FCC
microstructures are Type 1 or Type 2. The Cantor alloy (CrMnFeCoNi) is widely
considered as the prototype single phase FCC SS alloy and majority of reported FCC
systems derive from it. The combination is advantageous given that within the quaternary,
ternary and binary sub systems, CoCrFeNi, CoFeMnNi, CoCrMnNi, CoFeNi, CrFeNi,
FeMnNi, CoCrNi, CoMnNi, FeNi and CoNi all form single phase SS phases in the as cast
and annealed states[41]. New alloys are derived by elemental substitution or addition to
one of quaternary or ternary subsystems. Some examples are the MnFeCoNiCu [42]; the
(CoCrFeNi)1−xPdx system, which maintains a single phase FCC up to x=0.2 [43]; Cantor
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aluminides, such as Al0.2CoCrFeMnNi and Al0.2CoCrCu0.3FeNi;high entropy bronzes such
as Cu2MnNiZn and Cu2MnNiSn0.2Zn[44]; and more hybrid systems containing refractory
metals such as AlCoFeNiV0.9Sm0.1, AlCoFeNiSm0.1TiV0.9, AlCoFeNiSm0.05TiV0.95
Zr[45].
2.5.2 Single Phase BCC Alloys
Majority of BCC alloys are developed using refractory elements, which are
motivated by a potential for high temperature applications. Most are based on the
MoNbTaW or HfTiZr systems such as MoNbTaVW, HfMoNbZr, HfMoNbTiZr and
ZrNbTiVHf systems [46, 47]. Some derivatives with aluminum additions also maintain
single phase BCC solid solutions, examples are the

AlCoCrFeNi and Alx

(NbTiZrHf)100−x, 0 ≤ x [48, 49] systems.
2.5.3 Single Phase HCP Alloys
Zhang et al. [17] suggested that the HCP structure is likely to be achieved for HEAs
based on rare earth elements, since these often form binary HCP solid solutions.
Applications of this notion

towards alloy resulted in several HCP-HEA systems:

YGdTbDyLu [50], GdTbDyTmLu [51] and DyGdHoTbY [52]. These systems are however
dominated by f-block metals that are chemically and structurally similar, and therefore may
not be predictive or correlative to HEAs from d-block metals. Gao et al. [53]
computationally predicted several transition metal systems that should exhibit the HCP
structure, with subsequent experimental verification in the CoFeReRu system. More recent
studies reported the discovery of HCP systems based on d-block metals containing
IrOsReRhRu [54], ScTiZrHf [55] and NbMoRuRhPd [56].
2.6

Metastability in HEAs
A system is said to be in equilibrium when neither a new phase nor an existing one

appears or disappears over time within specified bounds of equilibrium factors
(temperature, pressure, and composition)[26]. Any energetic departure from an equilibrium
state may lead to various metastable states. To this effect, the nature of metastability can
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be classified as compositional, structural, morphological and topological[57].
Compositional metastability involves changes in composition such as the formation of
supersaturated solutions that are compositionally homogeneous but should be
heterogeneous in an equilibrium state. Structural metastability involves phases with similar
compositions, but different structures or atomic configurations. Finally, morphological and
topological metastability arises from crystallographic defects, interphase boundaries or
nano crystalline states. Such metastable states often proceed and are present
simultaneously. This is due to the notion that most metallurgical processes (casting, rolling,
quenching) lead to morphological and microstructural changes.
Within the scope of HEAs, the most reported type of metastability is compositional,
whereas cast and heat treated states differentiate by the formation of additional phases or
precipitation of intermetallic as illustrated in Fig. 2-16

Figure 2-17 Variation in number of phases observed in as cast and annealed states
a) SS, IM and SS+IM microstructures, and b) by number of phases. Taken from
[23].
Generally, solid solution phases are more frequent in the as cast state and thermal
treatments lead to precipitation of IMs or secondary SS phases. This suggests that HEAs
are often concentrated solid solutions with compositionally quenched disorders. Another
notable example is the prototype FCC Cantor alloy, CrMnFeCoNi, where it was found that
long term annealing bellow 800 oC the system decomposes into BCC-Cr and L10-NiMn,
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B2-FeCo ordered and σ-CrFe disordered intermetallics. An example of σ-phase
precipitation is shown in Fig 2-17.

Figure 2-18 BSE micrographs along with EDS maps and SAED patters of σ-phase
precipitates found in the CrMnFeCoNi system after annealing for 1000h at 700 oC.
Taken from [24].
Formation of σ-phase is most critical since it is known to embrittle and deteriorate
mechanical properties. While σ-phase precipitation is not desirable, other types of
precipitates are. As a result, the metastable character of HEAs allows for a wide range of
possibilities for precipitation strengthening combined with solid solution strengthening.
Spinodal decomposition is also commonly observed within HEA microstructures,
and first reported in the 2004 publication by Yeh et al [27]. In this case, AlxCoCrCuFeNi
type HEAs spinodally decompose and form a microstructure consisting of SS BCC with B2-

BCC phases. An example of such a microstructure is shown in Fig. 2-18[58].

25

Figure 2-19 High resolution SEM micrograph of spinodally decomposed
Al1.2CoCrCuFeNi showing B2, BCC, and FCC phases. Taken from [59].
Spinodal decomposition in certain HEAs is utilized to design alloys with improved
magnetic properties.
2.7

Phase Selection Rules
Hume-Rothery criteria are commonly used to aid with determining solid solubility

and compound formation. They are intuitively foreseeable and rely on three features of
individual atoms: 1) electronegativity, 2) metallic radius, and 3) electron to atom ratio (or
valence electron concentration).
Electronegativity. This is a measure of the tendency for electron transfer to an atom
during chemical bonding, which provides information on the strength of the bond.
Metallic radius. Inserting a larger solute atom into a crystal of smaller atoms causes
stresses in the host crystal.
Electron-to-atom ratio. This accounts for nonlocal Fermi surface effects in metals
The first two are the most useful and reasonably well predict conditions for
extended solid solubility by the following criteria:
Electronegativity of the elements shall not differ by more than 0.4.
The difference in metallic radius of the atoms shall not differ by more than 15%.
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The above criteria were a useful tool for metallic alloys in the mid to late twentieth
century, but they became obsolete with the invention of binary and ternary phase diagrams,
which provide more accurate and dependable information about solid solubility, including
temperature dependence. The multi-element idea of HEAs, on the other hand, poses
significant obstacles in constructing or displaying phase diagrams. As a result, the HEA
community has created composition-weighted parameters based on Hume-Rothery
principles. There are the atomic radii difference, (δ) and the valence electron concentration
(VEC). In addition, thermodynamic factors are considered as well by reflecting the entropy
and enthalpy of mixing ( ∆H mix , ∆S mix ) and a Ω parameter, which combines both terms along
with melting temperature. Equations of these parameters and terms are
n

δ = ∑ ci (1 − ri / r )

n

r =
∑ ci ri

(2.7)

=i 1 =i 1

n

VEC = ∑ ciVECi

(2.8)

i =1
n
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∑ 4H AB ci c j

(2.9)
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Ω

Tm ∆Smix
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| ∆H mix |

n

∑cT
i =1

i m ,i
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Where ri, ci and VECi are the atomic radius, atomic fraction and valence electron
concentration of element i respectively; HAB is the binary mixing enthalpy between
elements A and B. For solid solution formation, δ , ∆H mix and the Ω parameter are typically
used. The general idea behind the δ parameter is to account for size differences between
constituent atoms such that substitution leads to comparable probability for lattice site
occupancy. The parameter describing enthalpy of mixing ∆H mix is based on the Miedema
model[60], which is a semiempirical method for estimating heats of formation based on
electron density, work function, and atomic size, and provides useful estimates for
compound solubility and stability. The Ω parameter, which combines the entropy and
enthalpy contributions was proposed as measure that signifies that the entropic term at high
temperatures dominates the enthalpic term, i.e., when Ω>1. Evaluation is performed by
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plotting ∆H mix vs δ or Ω vs δ for many alloys and establishing criteria that separates SS,
IM or AM (amorphous) phases as shown in Fig. 2-19.

Figure 2-20 Empirical parameters that separate SS, IM, (SS+IM) and AM phase
regions. (a) using ∆H mix vs δ and (b) using. Ω vs δ .Taken from [23].
Both methods clearly separate SS and AM regions, but IM phases tend to overlap
when ∆H mix vs δ is evaluated and less so when Ω vs δ . Established criteria suggests that
solid solutions form within the bounds of δ≤ 6.6%, -10< ΔHmix<5kJ/mol and Ω>1[17,
61]. The bounds become narrower when annealed microstructures are considered.
When HEAs form solid solutions, the above criteria do not distinguish between the
type of structures that form. Majority of solid solution phases observed in HEAs have either

28

FCC or BCC structures. The only parameter that provides some distinction between the
two is the VEC of the alloy and the relationship is shown in Fig.2-20.

Figure 2-21 Relationship between crystal structure and VEC for several HEA families.
Fully closed and open symbols represent FCC and BCC structures respectively, while
half closed symbols represent FCC+BCC dual phases[62].
Based on empirical evaluation, BCC structures are observed when the VEC≤ 6.87,
FCC structures when VEC≥8 and dual phase BCC+FCC microstructures in between. The
VEC also successfully provides predictable criteria for σ sigma phase formation or other
electronically stabilized intermetallic phases. These are commonly observed when the
VEC of the alloy is within the dual phase (FCC+BCC) region as shown in Fig. 2-21.

Figure 2-22 Correlation between the VEC of alloys and the presence of σ- phases
after annealing. Green and red icons represent the presence of σ-phases or the
absence, respectively. Taken from [63].
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2.8

Unsettled Issues
The preeminent complexity and the enormous number of possible compositions

associated with HEAs has created a vacuum in fundamental theory. As pointed out in recent
reviews [18, 20, 23, 64], only a few systems and their derivatives have been studied in
detail. The focus was predominantly on the Cr-Mn-Fe-Co-Ni and Al-Co-Cr-Fe-Ni systems
and their derivatives. An overview of single-phase high-entropy alloys in [21], indicates
that more than 100 multicomponent alloys are reported in the literature, but a handful are
identified as single-phase. Single-phase alloys are of greatest interest for preliminary
understanding of phase formation and provide physical parameters that can be used in
theoretical work. Overall stability of high-entropy alloys is still in question. In fact, Otto et
al. showed that prolonged annealing at moderate and elevated temperatures of the
equiatomic CrMnFeCoNi alloy produced secondary and ternary phases [24]. This system
has been one of the prototypes HEAs, and the resulting instability highlights the need for
careful evaluation of other systems and the useful temperature range. This makes the
definitive assignment of a stable phase conditional. This in turn challenges the definition
and the stabilizing contributions and requires more thorough thermodynamic assessment
of HEAs. Miracle and Senkov [23] point out that there is considerable work done on the
hardness and compressive properties and almost no work on the tensile properties and
deformation mechanisms. To thoroughly understand mechanical properties, the dislocation
behavior, deformation twining, stacking fault energies must be thoroughly evaluated. Work
that measures and evaluates basic physical properties is also lacking. These properties are
of great importance for model improvements, developing processing routes, and general
engineering.
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EXPERIMENTAL METHODS
3.1

Alloy Fabrication
Conventional manufacturing methods for metallurgical processing are applicable

for producing HEAs. The most common methods include liquid state processing through
arc and induction melting [65-67]. Solid state processing routs have also been reported
through mechanical alloying and spark plasma sintering [23]. Other specialized methods
such as laser cladding [19, 25] and thin film depositions[68-70] can also produce HEAs.
Fig. 3.1 describes several fabrications processed applicable for HEAs.

Figure 3-1 Synthesis methods of HEAs starting from different states.
The most frequently used laboratory techniques for producing HEAs are through
liquid state processing such as arc or induction melting. In this work, liquid and vapor state
processing techniques are utilized by means of arc and furnace melting, and magnetron
sputtering to synthesize bulk and thin film samples, respectively. Both methods produce
chemically segregated structures due to very high cooling rates induced by the respective
instrument. In this case, further processing is required to homogenize the structure, through
either prolonged annealing treatment close to the solidus temperature of the given alloy or
by thermomechanical processing. Direct microstructural control from solidification is
possible with the Bridgman solidification techniques (BST). Bridgman techniques utilize
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temperature gradients and controlled solidification to produce single crystals. In fact, recent
work on HEA processing successfully synthesized single crystals of the CoCrFeNiAl0.3
[71].
3.1.1 Arc Melting
Arc melting is a common method to produce alloys on a large scale in commercial
and industrial applications or on a small scale for research and development purposes. Arc
melters consist of an anode and a cathode, where an applied potential difference leads to
thermionic emission and thus to plasma generation based on the ionized medium in
between the electrodes (Ar in this case). The arc or generated plasma allows localized high
temperatures that can reach temperatures above 3000

°C

and is suitable for melting most

metals. Arc melting can be divided into two types based on the type of electrodes used:
consumable and non-consumable. The consumable type is used for remelts where the
electrode is made of the material to be molten itself. The electrode tip gradually melts and
drops into a mold, and the electrode is continuously consumed. This type of method is
usually used for applications requiring high purity. Non-consumable methods utilize a
tungsten electrode as the cathode, and the plasma torch is directed on the sample to be
molten, which is usually placed on a water-cooled hearth. In this work a non-consumable

Figure 3-2 Illustration of a bench top-small scale arc melter
configuration.
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method is employed with a small-scale benchtop Edmund Buhler Arc Melter. The general
setup for this system is illustrated in Fig. 3-2.
An anode and a cathode are positioned inside a vacuum tight chamber where a
purge gas is pumped and evacuated to an acceptable pressure. In this arrangement, the
anode also serves as the crucible, which is cooled by a flow of cold water. Alloying
elements in powder, granular or in sheet form can be used to produce ingots ranging from
2.5 to 25g.
The general procedure in this work consists of placing measured amounts of
alloying elements with purity >99% in sheet or granular form on top of the melting crucible
in the chamber. This is followed by pumping and evacuating the chamber at least three
times with high purity 99.99% Ar or with a reducing gas that consists of 95%Ar +5% H2.
Before melting, pure Cu is used as getter to eliminate or reduce the oxygen content within
the chamber to the lowest possible level. Melting of the alloying elements is usually
followed by remelts where the ingot is flipped. Remelting is performed no less than 3 times
or until a desired level of alloying and compositional homogeneity is reached. Examples
of alloyed ingots are shown in Fig 3-3 a) and b).
The primary benefit of arc melting is that it is simple to use, reproducible, and
produces samples with low levels of impurities introduced during the melting process.
Some of the drawbacks are material-specific, such as the evaporation of certain alloying
elements including Mg, Mn and Zn. Limited sample volume is also restrictive and hinders
fabrication of large tensile samples. Formation of heterogeneous structures is also a
significant drawback, particularly with the setup described above. In samples weighing 10
to 25 grams, large thermal gradients are induced by the plasma near the top and the water
cooled hearth at the bottom. Such large thermal gradients often result in microstructural
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gradients, porosity, and cracking (Fig. 3-3 c) and d), which can be difficult to remove with
additional treatments or result in further cracking as shown in Fig. 3-3 e) and f).

Figure 3-3 As cast ingots in the form of a button a) and a rod b) produced by
benchtop arc melting. Cracking in c) and large pore formation in d) are common
casting defects that can exacerbate during further processing, as shown in e) and f).
Some of the disadvantages of benchtop arc melting, such as microstructural
gradients and defects, as well as limited sample size, are usually overcome by using large
systems with tilt and pour capabilities, induction melting, and suction casting. Larger melts
can be produced using these technologies, and rapid casting into cold crucibles results in
uniform heat removal during solidification, and depending on sample size and cooling rate,
segregation may be fully eliminated or reduced.
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3.1.2 Furnace Melting
The primary motivation for producing large ingots is necessary for producing
sufficient samples for tensile testing, where an appropriate size is required for measuring
representative physical and mechanical properties. Such samples require elimination or
significant reduction of casting defects, lack of oxidation and microstructural and chemical
homogeneity. Without the equipment mentioned above, a furnace melting technique is
developed for producing large bulk samples (~ 50-500g). Two horizontal high temperature
furnaces:

Micropyretics

Heaters

International

(H18-40Ht,

Tmax=1750oC)

and

Lindberg/Blue M™ (Tmax =1500°C) are utilized and adjusted by considering sample
requirement by minimizing oxidation, casting defects and microstructural heterogeneity.
Illustration of the adjusted furnace is shown in Fig. 3-4.

Figure 3-4 Illustration of an adjusted tube furnace for preparing large samples
The temperature control thermocouple is positioned inside the furnace, close to the
crucible, to achieve controlled cooling and heating. This change reduces thermal gradients
within the chamber, which in turn reduces thermal gradients within the crucible. Oxidation
is minimized by a steady supply of Ar and the utilization of a bubbler at the output, which
inhibits backflow of air. Oxidation is further reduced by implementing a double crucible
method, which is illustrated in Fig. 3-5.
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Figure 3-5 Illustration of a double crucible method where the alloying crucible
along with Oxygen getters is contained inside a larger crucible. a) set up for initial
alloying, b) remelt into a rectangular shape and examples of large cast ingots in c)
and d).
The approach effectively isolates the alloying crucible within a sealed larger
crucible, where Oxygen partial pressure is reduced or eliminated with the aid of reactive
metals such as Ti or Ta. Ingots may be produced with pure elements as the starting material
or by pre-alloyed small ingots. Variety of shapes may be produced, which ultimately
depends on the crucible shape. In this work, final ingots in the shape of rectangles are
produces (Fig. 3-5 c) and d)), which are geometrically favorable for further processing.
One of the primary benefits of furnace casting is temperature control, which allows
thermal equilibration in the liquid state and more control over solidification, reducing
cracking, porosity, and other harmful casting defects. The technique can also be utilized
for additional thermal homogenization directly after solidification, or for very slow cooling
rates. The disadvantages are a longer process time, contamination from the crucible
material, and a lack of mixing/stirring capabilities which may induce gravitational
segregation.
The general procedure for furnace casting is as follows. Metal shots with purity
>99% for a composition of interest are first placed in a cylindrical, high purity alumina
crucible. The orders by which elements are placed in the crucible are based on melting
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temperature, where higher melting temperature metals are positioned on top and lower
melting temperature metals towards the bottom. In some instances, pre-alloyed smaller
ingots are used. This crucible is then placed in a larger crucible containing pieces of
Tantalum foil as a getter for oxygen. The lid is then closed, and the crucible is placed inside
the tube furnace and the ends of the tube are capped. Prior to heating, the tube is evacuated
with a mechanical pump and refilled with 95%Ar +5% H2 or high purity Ar gas and allowed
to flow for 1 hour. The heating schedule for furnace melting is as follows: Heating rate of
10oC/min up to 1600 oC followed by a 2 hour equilibration soak, then cooled to 1100-1300
o

C at rate of 20 oC/min and soaked for 6 hours. Thereafter, the furnace power is turned off

and allowed to cool to room temperature.
3.1.3 Homogenization and Annealing
To accurately establish phase and mechanical properties for a newly developed
alloy, it is of most importance to ensure that the alloy of interest reaches an equilibrium
state or at least close to it. The casting process may generate equilibrium phases as well as
non-equilibrium phases. Non-equilibrium phase manifests from dendritic segregations or
compositional gradients produced by the casting process. To reach a uniform and stable
composition, homogenization is required. Homogenization heat treatments involve heating
the alloy to temperatures below the solidus temperature for an extended period. The
mechanisms governing homogenization are kinetic; therefore, depend on time and
temperature. Time and temperature depend on the alloy and the degree of chemical
segregation, but usually between 50% -90% of Tm for several hours to several days or
weeks.
For alloys with macroscopic segregation or large interdendritic spacings, a simple
homogenization treatment may not be sufficient for producing microstructure devoid of
flaws and heterogeneities. In such instances as in this work, a combination of cold wok and
homogenization or thermomechanical processing is required. Cold or hot deformation
redistributes the material internally resulting in mechanical alloying. In addition to,
mechanical homogenization, deformation introduces strain energy, which is the driving
force for recrystallization. When a sufficiently deformed metal is appropriately heated to
some critical temperature Tc, the material undergoes a processes of recovery,
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recrystallization and grain growth [72]. Simplistically, these processes are repair
mechanism by which metals or alloys repair the structural damages produced by the
deformation process. Both processes are thermally activated and kinetic in nature.
Recovery may be commonly classified as the stage during which the deformed structure is
alleviated from residual stresses introduced during the deformation process. Following
recovery, the processes of recrystallization take place, where populations of new grains
nucleate at high-energy sites, usually grain boundaries. Maintaining the temperature or
further heating results in grain growth and coarsening. Which, in turn chemically
homogenizes the material via diffusion mechanisms influenced by compositional gradients
[72, 73].
In this work, combination of both, cold work followed by thermal homogenizations
was necessary. Deformation was introduced by cold rolling the as cast ingots. The general
methods for processing are as follows: As cast ingots are first machined flat at the top and
the bottom and cold rolled to a sufficient thickness depending on a particular study or the
geometry of the as cast ingot. In some instances, simply a slice is cut from an ingot and
rolled. For small arc melted buttons (~5g), roughly 30% thickness reduction is sufficient.
As a general standard, rolling reduction to a thickness of ~1-2 mm is used in most studies.
This usually results in thickness reduction ranging from 50-95% and depends on the size
of the starting ingot. Examples of as cast rolled ingots are shown in Fig. 3.6

Figure 3-6 Variety of cold rolled sheets made from three distinct ingot geometries. a) large
furnace cast, b) arc a melted rod and c) arc melted button.
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Samples are then sectioned to a desired geometry and placed in a high purity
alumina boats with MgO sprinkled inside. The use of MgO ensured that no mechanical
adhesion takes place between the sample and the substrate during the heating cycle. The
alumina boat is then covered with a lid and placed in a high temperature tube furnace. Prior
to heating, the tube was evacuated with a mechanical pump, refilled with 95% Ar +5% H2
or high purity Ar gas, and allowed to flow for 1 hour. For majority of heat treatments, a
heating rate of 5 oC/min is used for a given thermal cycle. The cool down process is either
natural (cooling rate of the furnace off) or the samples is quenched by extracting the
crucible with a long metal hook. Homogenization temperatures and times ranged from
900oC to1200oC and 6 hours to 24 hours, respectively. A more detailed description will be
provided for given alloy composition in the appropriate chapters.

3.1.4 Thin Film Fabrication
Physical vapor deposition (PVD) is the process through which elements or ions
deposit onto a substrate from a vapor state to a solid state film. Sputtering is a common
PVD method where, through plasma generation, atoms are ejected from target material
(cathode) onto a substrate (anode). A schematic of a typical system for sputtering is shown
in Fig. 3-7.

Figure 3-7 Schematic illustrating DC and RF sputtering system. Taken from [74].
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DC sputtering refers to the application of a DC bias between the target and the substrate.
Then, deposition rates are influenced by power, bias voltage, and gas pressure (Ar in this
case). Radio frequency (RF) sputtering is generally used for sputtering insulating films and
is advantageous when a lower voltage and gas pressure is required. Magnetron sputtering
applies magnetic fields behind the target material to control and confine the plasma near
the surface of the target. This increases collisions between the target and the ionized gas or
plasma (usually Ar) which subsequently increases the deposition rate. In this work, a thin
film alloy within the Co-Os-Ru-W system fabricated by magnetron sputtering (ORION
system, AJA International). The system at the time consisted with three power supplies,
two DC and one RF supply. The base pressure in the sputtering system was less than 1x105 Pa (7.5x10-8 Torr). The film was deposited on a glass substrate from three targets:
Os60Ru40 alloy (DC supply), W (DC supply) (99.99% purity), and Co (RF supply)
(99.95% purity). Substrate biasing was used prior to deposition to clean the substrate from
any contaminants or oxides. Deposition time was 7 minutes with deposition powers of
160,105 and 107 W for the Co, Os/Ru and W targets, respectively.
3.2

Material Characterization
Determining the structural or microstructural characteristics of metals and alloys is

one of the principal activities in physical metallurgy. In general, a beam of radiation or
high-energy particles is utilized to investigate the material. Radiation within the
electromagnetic spectrum offers a diverse array of readily available energy sources.
Wavelengths (λ=400-700nm) can range from heat, through the visible range, and into the
penetrating range, such as X-radiation or electron streams with wavelength duality. This
this work employs optical microscopy, X-ray diffraction, and electron microscopy for
characterization and evaluation.
3.2.1 Optical Microscopy
As the earliest metallographic technique, it provides a two-dimensional
representation of a surface over a total magnification range of about 40X to 1250X with a
spatial resolution of ~ 1μum. Optical methods have the advantage that they are simple to
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use, rapid and inexpensive, and can be used to examine large areas for sampling. In this
context, it is typically the first technique used to examine microstructures. Optical
microscopy is limited by the accuracy of obtainable information. Which in turn is limited
by the contrast mechanisms employed and the limits of the microscope used. A variety of
illumination systems, lenses, objectives, and polarizers can be used to enhance contrast or
resolution by optical manipulations. General methods are well-developed and recognized
to require further explanation in the context of this work; therefore, we will only discuss
limiting characteristics appropriate for the method. These include the maximum resolution
and depth of field. Resolution is usually defined as the smallest distance between two
closely spaced discs that can be seen. For diffraction-limited optics, this is shown by.[75]:

δ = λ / 2n(sin (θ ))

(3.1)

where δ is the separation distance, λ is the wavelength of the illuminating light, n is the
refractive index of the imaging medium and θ is the semi-apex angle of the light cone. The
term 2 n sin (θ) is defined as the numerical aperture (NA) and ranges in values between

0.08 to 1.6. Moreover, the NA and the wavelength of visible light define the limits of

optical microscopy. With a wavelength of 400nm as the lower limit, the resolution limit is
in the order of 200nm at 1000X magnification, but in practice usually around 1μm.The
depth of focus is inversely proportional to the square of the NA and limited to roughly 0.1
μm. As follows, useful magnification is limited by 1000X times NA, further magnification
will resolve no further detail.
In relation to the limitations described above, resolvable features in a metallurgical
context will then depend on contrast mechanisms of the surface. Surface etching or anodic
films are the primary contrast mechanisms and may provide sufficient microstructural
information regarding grain size and shape, different phases and some information
regarding crystal orientation.
3.2.2 Electron Microscopy
Scanning electron microscopy (SEM) is one of the most versatile methods for
microstructural investigations. In contrast to optical microscopy, SEM expands the
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resolution by over a magnitude, which permits useful magnification beyond
10,000x and depth of field ranging from 1um to the millimeter range at low magnifications.
The technique enables nanoscale imaging as well as imaging of 3-D surfaces. with high
resolution and depth of field. In many ways, SEM is like an optical microscope.
Electromagnetic lenses, rather than glass lenses, are used to focus and deflect the electron
beam. SEM is used primarily because electrons have a much shorter wavelength and can
produce images with greater detail and depth of field. Magnifications of up to 10,000x and
depth of field near the millimeter range are possible. The basic mechanism of image
formation is a consequence of interactions between an electron beam and the sample
surface. As illustrated in Fig. 3.8, interaction between the primary electron beam and

Figure 3-8 Schematic illustrating the interaction volume and the generated signals.
Taken from [76].
the sample produce variety of signals, when collected with a suitable detector, signals are
translated to an image. The signals that are of greatest interest for imaging are secondary
electrons (SE), backscatter electrons (BSE) and fluorescent X-rays for mapping and
elemental analysis. BSE are produced by a combination of large and small angle elastic
scattering between the incident beam and the sample surface. In this regard, the contrast
mechanism (other than topographic) will depend on the atomic number of the material. The
higher the number, the higher the yield and as a result higher brightness. Granted that
crystallographic planes vary in atomic packing, thus backscattering yield and an additional
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contrast mechanism that depends on orientation. The secondary electrons are formed by
the interaction between the primary electron beam and the loosely bound atomic electrons.
Accordingly, the energy of SEs depends on the primary energy of the incident electrons,
the material (number of outer shell electrons, atomic radius) and the surface barrier of
material.
Emission of fluorescent X-rays can also be exploited and collected by special solid
state detectors and distinguished with respect to characteristic energies. These
characteristic energies depend on the elements present in the material. Characteristic x-rays
are also released from the sample because of bombarding its surface with electrons for
SEM imaging. A core-shell electron is released after striking an atom with an electron
beam with enough energy. As a result, the atoms enter a metastable state that is quickly
filled by an electron from the outer shell. A distinctive X-ray is created that is equal to the
difference between the shell migration because energy must be conserved throughout this
process. A Si (Li) detector that produces electron-hole pairs can be used to collect the
distinctive X-ray and measure the energy of the incident X-ray [83]. Energy dispersive
spectroscopy (EDS), which is what it is known as, was primarily employed in this
dissertation to investigate sample composition. Two SEMs, equipped with EDS detectors
were used throughout this work: a FEI Helios and a FEI Quanta 250.
3.2.3 X-ray Diffraction
X-ray diffraction is one of the most important techniques used in physics,
chemistry, and material science to characterize substances. It can provide powerful
quantitative and qualitative analysis techniques for crystalline materials. The technique can
investigate the type and characteristics of the crystalline structure, including lattice
parameters, structural composition, degree of crystallinity, orientation, texture, and crystal
size. The theoretical foundation of X-ray diffraction is the Bragg’s law. It describes the
diffraction, or coherent elastic scattering of waves by a crystal lattice and is given by the
equality:
nλ = 2d sin(θ )
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(3.2)

where λ is the wavelength; d is the interplanar spacing; θ is the angle of incidence and
reflection; n is the order of diffraction. In this respect, if an X-ray with a wavelength λ hits
a set of lattice planes with d under an angle θ, the incident radiation will be diffracted even
only if the Bragg’s condition is met. The lattice plane spacing d depends on the specific
crystal structure of the substance and on the miller indices {hkl of the crystallographic
planes. For most common cubic and hexagonal structures, d is given by:

cubic

d=

hexagonal

d=

a
h2 + k 2 + l 2
a

(3.3)

4 2
( h + k 2 + h ⋅ k ) + l 2 / (c / a ) 2
3

where a and c are the lattice parameters. For a given interplanar spacing d and wavelength
λ, the Bragg’s equation has one real solution because sin x ≤ 1 , which results in the
inequality given by:
nλ
≤1
2d

(3.4)

Given the relationships between the interplanar spacing and the lattice parameters,
the above inequality states that a lattice can diffract radiation only if the wavelength of the
incident X-rays are of equal magnitude or smaller than the lattice parameter. As such,
diffraction is only possible for crystalline planes that obey the Braggs law for a selected
wavelength. Most laboratory diffractometers produce X-rays by bombarding a target
material with electrons. Which emit characteristic X-rays with a known wavelength that
can be used for diffraction. Most common target material and the one used in this work is
Cu, which generates a radiation with wavelengths Kα1=0.15406nm, Kα2=0.15444nm and
Kβ =0.13922nm which is usually filtered by passing the X-rays through a Ni foil. In this
work, Siemens D500 Krystalloflex Diffractometer was used to evaluate alloy structures
with Cu-Kα radiation.
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3.3

Mechanical Testing

3.3.1 Tensile Testing
One of the most important tests of a material’s mechanical response is the tensile
test, in which a specimen in the shape of rod, sheet or wire is clamped in a loading frame
and the other subject to a controlled displacement (δ) or load (F).
The engineering measure of stress and strain, often denoted as σ e and ε e , are
determined from the measured load and displacement using the original specimen cross
sectional area Ao and specimen length, Lo, given by

σe
=

F (δ )
δ
and ε e
=
Ao
Lo

The mechanical response is usually evaluated by plotting

(3.5)

σ e and ε e , from which

numerous measures and material properties can be acquired. Material dependent constants
such as the Youngs Modulus and Poisson's ratio can be obtained if the material deforms
according to Hook’s law in the early elastic stage. These constants are E and ν respectively,
and are given by:
E=

ν= −

σe
εe

(3.6)

ε trans
ε axial

(3.7)

where the subscripts “trans” and “axial” refer to the transverse strain and the axial strain in
the tensile direction. Another important measurable quantity is the yield stress, which is
generally considered a fundamental measure of a structural material. The quantity is often
abbreviated as σY, and fundamentally, defines the boundary between elastic and plastic
flow. Because this quantity is often difficult to pinpoint from stress strain curves, the yield
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stress is determined as the stress needed to induce a specified amount of plastic strain,
typically 0.2% or 0.5%. This is often measured by plotting an offset line with modulus E
and determining the stress value at the intersection of the offset line and the stress-strain
curve.
Beyond the elastic limit, engineering stress strain curves are generally interpreted
with caution. This is because engineering stress is defined by the original cross sectional
area, which is assumed to be constant and ignores dimensional variations that change the
cross sectional area. At low strains, the variation is insignificant, but becomes significant
as plastic flow progresses. The plastic portion of the curve is evaluated by applying
corrections to account for dimensional variations which converts engineering stress-strain
to “true” stress-strain given by the relationship:

σt =
σ e (1 + ε e ) and ε t =
ln(1 + ε e )

(3.8)

where the subscript “t” refers to “true”. The relationship between true stress and true strain
in the plastic portion can give information about the materials deformation mechanisms
and another important measure such as ductility and ultimate tensile strength (UTS). The
UTS is commonly defined as the point at which strain hardening begins to diminish or the
stress at maximum load. Ductility is a measure of the materials ability to undergo plastic
deformation without fracture. There are two common measures of ductility: elongation to
fracture

and

reduction

of

area.

Elongation

to

fracture

is

calculated

by

( L final − Lo ) / Lo ×100% and evaluated as a percentage. However, this metric generally

requires careful interpretation as the value is sensitive to sample size and shape. In this
regard, shorter and thinner tensile samples display greater elongation than longer samples.
This is due to non-uniform deformation due to necking or dimensional variations within
the gauge length. To this effect, measure of ductility using this metric accompanies sample
dimension when reported. The area reduction measure is calculated by first measuring the
final cross sectional area near the fracture and calculating by ( Afinal − Ao ) / Ao ×100% . This
metric is generally a more accurate measure, and the value is usually greater than that of
elongation to failure.
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In this work, tensile tests were performed by using an MTS 810 Servo Hydraulic
Testing System (ISO certified), equipped with axial and transverse extensometers. Tensile
specimens were prepared from thermally homogenized sheets with a thickness of roughly
1.25 mm that are then cut to 4” long and 0.5” wide strips and machined to ASTM
substandard size dog bones. The projected machining dimensions are given in Table 3.1
Table 3-1 Machining dimensions for ASTM substandard tensile
specimens.

G-Guage length
25mm[1in]
W-Width
6mm[0.25in]
T-Thickness
1mm[0.04in]
R-Radius of fillet
B-Grip length(min)
30mm[1.25in]
A-Reduced section length(min)
32mm[1.25in]
C-Width of grip section
10mm[0.375in]
The thickness of the sample is then reduced to ~1mm by grinding both sides with
240grit, 600 and a final 800 grit SiC abrasive paper.
Tensile measurements were carried out in constant strain mode with a rate of 10-3s1

. Specimen dimensions were measured by micrometers designated for accurate thickness

and width measurements. Combination of the lowest measured values within the gauge
length is used for calculations. The software’s Mathematica and Origin equipped with
Origin-C were used to evaluate tensile curves and determine important metrics and
constants.
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3.3.2 Nano-Indentation
In its most basic form, a material's hardness is described as its resistance to
penetration. Indentation testing is a basic approach that involves touching a material of
interest whose mechanical properties, such as elastic modulus and hardness, are unknown
with another material whose qualities are known. The hardness metric is defined by the
applied load to the indenter and the resulting geometry of the imprint. A characteristic
value is calculated by dividing the applied load by the projected area of the impression, the
projected area depends on the shape and qualities of the indenter tip material and is T of
indenter tip geometry, thus requires an accurately defined geometry. Common tip
geometries are illustrated in Fig.3.9.

Figure 3-9 Illustration depicting various indenter tip geometries: (a) spherical, (b)
conical, (c) Vickers, and (d) Berkovich [77].
The projected area is traditionally measured by microscopy, where the measured
dimensions of the imprint cross section relate to an area function. More modern methods
utilize depth sensing systems, from which the projected area is directly measured by
relating the indentation depth with an area function of given geometry.
Nanoindentation is simply a test method that evaluates hardness in length scales of
penetration in the nanometer range. The method provides the advantage of accurately
pinpointing small regions within a microstructure that may have different phases,
chemistry or properties. Most nanoindentation systems are depth-sensing systems which
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can accurately measure the penetration depths in the nano scale. Most importantly, such
systems can also generate load displacement curves (P-h) as illustrated in Fig.3-10

Figure 3-10 Illustration of a load displacement curve showing methods used for
obtaining important parameters. Taken from [78].
The elastic modulus of the material can then be determined from the slope of the
load-displacement response. In this regard, modulus is calculated by relating the unloading
stiffens, S and the projected area A through the equation:

S
=

2

dP
=
dh

π

Er A

(3.9)

where Er is defined as the reduced modulus, and considers the stiffness of the indenter
material according to
1
=
Er

1 −ν ) (1 −ν )
(=
2

i

E

Ei

2

(3.10)

where E and ν are the elastic modulus and Poisson’s ratio of the indented material
respectively, and Ei and νi are the same constants for the indenter material. Moreover,
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nanoindentation methods have introduced a continuous stiffness (CSM) measurement
technique where hardness and modulus can be determined as a function of depth [79].
In this work, indentation measurements were performed by using iNano Nano
indenter (Nanomechanics Inc.) equipped with a Berkovich diamond tip. Indentation tests
were performed at room temperature in load control mode to a maximum load of 50 mN,
at a strain rate of 0.1 s-1. Prior to measurements, calibration of the area function of the tip
was performed on a fused quartz standard before and after each test to ensure validity of
the test results. Indentation samples generally require very flat surfaces, which were
carefully prepared by utilizing lapping methods, where mounted samples were manually
lapped down to 1 µm grade (diamond lapping films) and finished with a final polish using
a 0.05 µm colloidal silica solution on soft polishing cloths.
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EVALUATION OF EQUIATOMIC CRMNFECONICU SYSTEM AND THE
DERIVATION OF THE NON-EQUIATOMIC MNFECONICU ALLOY
4.1

Introduction
Progress and understanding of HEAs require a foundation in structure and

composition from which fundamental concepts can be established. Following the
publication of Cantor et al. [17], the CrMnFeCoNi system, also known as the "Cantor
alloy," has served as the FCC model alloy and the foundation for fundamental evaluation.
However, Otto et al. [24] recently demonstrated that the CrMnFeCoNi alloy precipitates
Cr-rich phases at elevated temperatures ranging from 500 to 700 ° C. This finding raises a
conundrum in HEA research, where the predictive assessment of stability is called into
question. As a result, a new model HEA system with exceptional stability is critical. There
is, however, one inherent problem in determining such a system. Out of all possible
elemental combinations, which combination will be most stable and why? Without the
realistic possibility of phase diagrams in 5-6 component systems, how can one assess the
uniqueness of given compositions?
The origin of the equiatomic CrMnFeCoNi alloy is presented in [80]. This alloy
was assessed as the most stable since close to equiatomic ratios of CrMnFeCoNi appeared
in the cast structures of equiatomic mixtures of, CrMnFeCoNi – (Nb, Ge, Cu, Ti and V).
Therefore, the most probable evaluation suggested that CrMnFeCoNi is the most stable
composition within the given system. On the other hand, the assessment of a “stable” phase
based on such evaluation is invalid, because nonequilibrium processing methods are used,
which are bound to form metastable or nonequilibrium phases. Given the complexity
associated with multicomponent systems and all possible interactions that occur, sensitivity
to processing conditions should be amplified. Therefore, the observed compositions may
be metastable phases that may be found in equilibrium under a given condition and not in
equilibrium under different conditions of composition, temperature, and cooling rate. True
equilibrium processing would require infinitely slow cooling rates from the liquid state,
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which is not realistic. However, the slower the cooling rate, the closer one reaches to the
equilibrium conditions.
In this work, we propose a method applicable to HEAs, where controlled processing
conditions decide the most probable and stable composition. This is demonstrated through
a detailed experimental analysis that tests the following hypothesis:
For HEAs, an equiatomic composition maximizes configurational entropy, but the
structure and phase stability are not necessarily optimized.
The CrMnFeCoNi is not the most stable and primary composition within the
CrMnFeCoNiCu system if the processing conditions are controlled with respect to the
cooling rate of the melt.
We demonstrate this by cooling an equiatomic CrMnFeCoNiCu from the melt in 3
days. This results in large Cr-rich precipitates found in [24] and almost a Cr-free matrix
with a composition within the MnFeCoNiCu system. From this juncture, we argue that the
most stable composition is within the MnFeCoNiCu system and not within the
CrMnFeCoNi system. Likewise, we argue that if stability is found within the
MnFeCoNiCu, the most stable composition with optimal phase stability and/ or mechanical
properties is not an equiatomic alloy but a nonequiatomic. We demonstrate this by deriving
a stable, single-phase non-equiatomic Mn17Fe21Co24Ni24Cu14 (at%) HEA by qualitatively
evaluating the matrix composition in the slow cooled CrMnFeCoNiCu system.
4.2

Experimental Methods
The experimental procedures for alloy processing/fabrication and testing are

threefold and will be given sequentially. Experiments 1 and 2 evaluate the CrMnFeCoNiCu
system: 1) initial evaluation of the CrMnFeCoNiCu system prepared by arc melting and 2)
evaluation after slow cooling where a non-equiatomic Mn17Fe21Co24Ni24Cu14 alloy is
derived. Experiment 3 involves experimental procedures regarding the newly derived nonequiatomic Mn17Fe21Co24Ni24Cu14 (at %) from experiment 2.
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4.2.1 CrMnFeCoNiCu Produced by Arc Melting
Initially, 20g of CrMnFeCoNiCu system is produced from pure metal pieces by arc
melting in a high purity Ar atmosphere on a water cooled copper hearth. Ingots were flipped
and remelted 4-6 times to improve chemical homogeneity. The as cast ingot is then
sectioned, and standard metallographic preparations are carried out. The sample is then
characterized regarding phase and composition by XRD and SEM/ EDS analysis,
respectively. To assess the stability of the composition and structure, homogenization and
recrystallization attempts are made on the same ingot. Here, the ingot is cold rolled to a
30% thickness reduction and subsequently annealed at 1200 ° C for 48 hours. The sample
were then again prepared for metallography and characterized by XRD and SEM/EDS
4.2.2 CrMnFeCoNiCu Produced from Slow Furnace Cooling
To ensure controlled solidification that minimizes thermal gradients and oxidation,
a method that takes both into account is developed, which is illustrated in Fig 4-1. For
controlled cooling, the control thermocouple is placed inside the tube furnace touching the
crucible. This ensures that the furnace temperature is controlled by the temperature of the
crucible rather than the atmosphere of the furnace tube. A double crucible system is
developed to avoid oxidation as much as possible while also minimizing thermal gradients.
The alloy to be molten is in the inner crucible, which is surrounded by a sacrificial element
in a larger, lidded crucible. The sacrificial element, Cu, serves as an oxygen getter while
also thermally homogenizing the melting crucible at high temperatures. In this setup, the
alloy ingot is first prepared via arc melting and then remolten in the described setup. The
thermal history consists of heating to 1475 oC followed by an equilibration dwell for two
hours then cooled to 1200 oC in period of three days. Prior to heating, the furnace tube is
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securely capped such that no leaks are detected, purged with pure Ar and evacuated with
mechanical pump 3 times.

Figure 4-1 Illustration of the tube furnace set up for slow cooling. A double crucible
method is used, which incorporates the alloy in the inner crucible and a sacrificial element
(Cu) in the outer crucible. Temperature is controlled by the thermocouple touching the
crucible.
4.2.3 Preparation of Mn17Fe21Co24Ni24Cu14
Bulk sample of Mn17Fe21Co24Ni24Cu14 (at %) weighing approximately 5g were
prepared from 99.99 % purity elements via arc melting in a similar manner as in experiment
1. The as-cast phase is evaluated by XRD analysis and the general microstructure is
evaluated through optical microscopy. Physical and thermal homogenization is performed
by first rolling the as cast ingot to a 30% thickness reduction and subsequently annealing
in a tube furnace with constant Ar flow (similar set up as Fig. 4-1). The annealing schedule
is as follows; 5 oC/min to 900 oC and held for 1hr followed by a 10 oC/min to 1050 oC, held
for 1 hr. then allowed to naturally cool. The use of two hold temperatures is regarding
dendritic segregation. An initial lower hold temperature ensures that the lower melting
point interdendritic compositions do not liquefy locally and elements properly interdiffuse.
The homogenized sample is then prepared for metallographic evaluation and characterized
with respect to phase by XRD, and compositional uniformity by SEM/EDX.
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4.3

Overview of the CrMnFeCoNi-Cu, Nb, Ge, T and V Systems
The goal of Cantor et al. [3]research was to investigate the seemingly undiscovered

multicomponent phase space with compositions focused around the equiatomic regions.
The research looks at five-component, equiatomic Cr-Mn-Fe-Co-Ni alloys as well as sixcomponent equiatomic alloys with the incorporation of Nb, Ge, Cu, Ti, and V. The authors
concluded that Cr20Mn20Fe20Co20Ni20 solidifies dendritically into a single phase FCC solid
solution, and that the primary FCC dendritic phase is preserved with the addition of Nb,
Ge, Cu, Ti, and V. Additionally it was observed that Nb, Ti and V can dissolve in
significant amounts in the primary FCC dendritic phase, while the more electronegative
Cu and Ge are ejected into the interdendritic phase. Listed in Table 4.1 and Table 4.2 are
the dendritic and interdendritic compositions in at. % and lattice parameters, respectively.
Table 4-1 Dendritic (D) and interdendritic (I) compositions in at. %, data taken from [3].
Alloy
Region Fe Cr Mn Ni Co Nb Ge Cu Ti
V
20.2 20.5 19.4 19.5 20.4
D
CrMnFeCoNi
16.1 27.0 23.0 17.0 17.0
ID
16.5 15.7 12.0 13.0 17.8 25.0
D
Nb
15.5 19.4 25.4 23.7 14.2 1.9
ID
21.7 21.0 12.0 13.5 19.2
12.6
D
Ge
8.9 11.0 20.3 22.3 13.5
24.0
ID
D
21.6 18.4 17.7 16.9 23.7
6.8
Cu
ID
3.3 3.6 24.4 15.6 5.9
47.4
D
19.7 7.3 14.3 13.5 20.5
24.8
Ti
ID
18.4 10.1 24.0 22.7 15.9
8.9
D
18.8 19.5 7.7 25.6 18.3
18.9
V
ID
18.4 16.4 8.0 21.5 19.6
16.2

Table 4-2 Lattice parameters from XRD measurements of FCC and BCC phases in (nm),
data taken from [3]
Alloy
FCC
BCC
CrMnFeCoNi
0.359
Nb
0.362
Ge
0.358
0.229
Cu
0.359
Ti
0.364
0.482
V
0.358
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4.4

Results and Discussion

4.4.1 CrMnFeCoNiCu Produced by Arc Melting
Driven by exploratory ambitions, this work begins with the fabrication of a 20g
sample of equiatomic CrMnFeCoNiCu via the arc melting route. A cross section along
with elemental maps of the as cast ingot is shown in Figure 4.2

Figure 4-2 Microstructure of as cast CrMnFeCoNiCu alloy. a) SEM micrograph
showing dendritic as cast structure, b) Layered SE+EDS elemental map along with
constituent elements.
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The morphology and compositional descriptions by Cantor et al. are consistent with
the observations and findings of the current work. Table 4-3 lists the dendritic (D) and
interdendritic (ID) compositions identified by EDX analysis.
Table 4-3 Dendritic (D) and interdendritic (ID) compositions (at. %).
Region
D
ID

Cr
20.13
3.52

Mn
13.75
22.52

Fe
21.00
2.57

Co
20.78
4.43

Ni
16.85
15.00

Cu
7.50
51.97

The compositional variation between D and ID further supports claims in that Cu
instability exists in the FCC HEAs that are within the Cantor alloy family. This is thought
to be due to either electronegativity differences or positive enthalpic contributions. The
near-equiatomic dendritic composition further verifies the compositional dominance of the
Cantor alloy. The as-cast XRD diffractogram of equiatomic CrMnFeCoNiCu is shown in

Figure 4-3 XRD pattern of equiatomic CrMnFeCoNiCu showing two phase FCC peaks
and minor amounts of MnO identified using d-spacing
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Fig.4.3 where a two-phase, FCC diffractions are indexed along with minor amounts of
MnO. The lattice parameters of the two FCC phases are listed in Table 4-4.

Table 4-4 Calculated lattice constants of FCC1 and FCC2 phases.
Phase
Lattice Parameter (Å)
FCC1

3.588

FCC2

3.658

In contrast to Table 4-2, the lattice parameter of the FCC1 phase correlates to the
primary dendritic phase, but no corresponding information is available for the secondary
FCC2 phase, which we can infer belongs to the Cu-rich ID phase.
Overall, the findings support the hypothesis of a dominant FCC phase constituted
primarily of a dominant CrMnFeCoNi composition in the as-cast state. One disadvantage
of the methodology used is that arc melting, or induction melting followed by
solidification, will certainly result in nonequilibrium microstructures. Although such
processing is frequently used favorably for some industrial applications, conclusions about
equilibrium microstructures are speculative at best. This is because large undercoolings
and large thermal gradients can favorably precipitate and propagate nonequilibrium or
metastable phases, and the final microstructure may be devoid of equilibrium phases.
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4.4.2 CrMnFeCoNiCu After High Temperature Heat Treatments
Although the as-cast diffractogram previously indicated two FCC phases, it is
however unclear whether this is a consequence of segregation or if the system intrinsically
solidifies into two phases. Prolonged high-temperature heat treatments will usually
equilibrate the microstructural morphology and homogenize the chemical compositions of
each constituent phase. As such, a slice of the as-cast ingot was rolled to 30% reduction
and isothermally annealed at 1200 ° C for 48 hours, resulting in the diffractogram in Fig.
4-3. A similar dual phase FCC diffraction pattern is evident, as well as three additional

Figure 4-4 XRD pattern of equiatomic CrMnFeNiCu after 30%
rolling reduction and annealing at 1200 oC for 48 hours.
peaks, one of which is manganochromite. In addition, the FCC1 peaks partitioned and
narrowed, while also showing (311) oriented texture. The measured lattice parameters for
the FCC1 and FCC2 phases are 3.603 and 3.659 Å, respectively. In contrast to the values
in Table 4-4, the lattice parameter remained essentially unchanged for the FCC2 phase,
while a slight observable increase is present for the FCC1 phase. The corresponding
microstructure is shown in Fig. 4-5.
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Figure 4-5 Morphology and elemental maps of the CrMnFeCoNiCu alloy after
isothermal heat treatment. a) Layered EDS map and constituent elemental maps of Cr,
Mn, Fe, Co, Ni and Cu respectively, b) SEM micrograph. Arrows mark the presence
of Cr-rich oxide inclusions.
Compared to the as cast microstructure, the morphology significantly evolved
while maintaining the duplex aspect and similar elemental partitioning. The microstructure
is distinct with coalesced and elongated Cu-depleted phases that are surrounded by Cu-rich
channels or encapsulate Cu-rich nodules. Interestingly the morphology resembles a “lava
lamp”, which is a consequence of immiscibility and the evolution of such a morphology
for this system implies immiscibility between the two phases. Presence of Cr-rich particles
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is also notable which were observed within the Cu-rich channels marked with arrows in
Fig.4-5 and b. Chemical analysis revealed that the particles consist mostly of Cr, Mn and
Oxygen (See Appendix A) corresponding with manganochromite observed in XRD. The
average composition of the two phases is summarized in Table 4-5
Table 4-5 Compositions of the Cu-rich and Cu-depleted regions after high temperature heat
treatments.
Cr
Mn
Fe
Co
Ni
Cu
Region
Cu-rich
Cu-depleted

1.1
19.7

25.4
12.1

1
21.5

1.6
21.5

10.9
17.8

60.1
7.3

Compared to the compositions from the as cast state in Table 4-3, there are no
significant differences in composition for the Cu-depleted phase compared to the D phase
previously defined. There is a slight decrease in Cr content, which may be due to measured
differences from regional variations in composition or may be due to depletion caused by
the formation of oxides. Whereas the Cu-rich phase differs from the ID phase by a
significant depletion of Cr, Fe and Co. However, the composition is not homogeneous
within the bulk of the phase. This can be observed in higher magnification as shown in Fig.
4-6
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Figure 4-6 Morphology and elemental maps of a heat treated CrMnFeCoNiCu
focused on a Cu-rich zone. a) SEM micrograph and b) corresponding layered EDS
map and constituent elemental maps of Cr, Mn, Fe, Co, Ni and Cu, respectively.
Arrows illustrate a region exhibiting compositional and morphological variations.
Along with elemental inhomogeneities, the Cu-rich zone has a distinctive
topography consisting of coalesced spheroidal grains. The centers of the spheroids are
enriched with primarily Ni, while the boundaries are enriched with Cu. The variation is
significant with fluctuations within 5 at. %. The spheroidal shape in combination with
compositional fluctuations mimic a cored microstructure. The formation of a cored
structure implies that the Cu-rich transformed to a liquid state during the heat treatment
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process, and the following cooling and solidification resulted in coring. This also implies
that the alloy was in a state of solid and a liquid. Given that the primary Cu-depleted phase
remained compositionally constant while evolving morphologically, a monotectic reaction
is expected. Which is commonly observed in alloys containing insoluble elements, which
is the case for Cu-Cr, Cu-Co and Cu-Fe alloys {Cao, 2011 #204}. Additional features of
the microstructure is further evaluated by optical microscopy, shown in Fig 4-7. The

Figure 4-7 Optical micrographs a), c), d) and an elemental map b) of heat treated
CrMnFeCoNiCu exhibiting macro porosity and a Cr-rich phase with modular and needlelike morphologies.
formation of large pores is observed near the top of the slice. Most likely, these pores form
because of channels formed by the Cu-rich phase in the liquid state. Additionally, the
evaluation identifies a compositionally new phase, characterized with nodular and needlelike morphologies. This new phase was found near pores, within or in the vicinity of the
Cu-rich phase. Chemical evaluation of this phase revealed the composition shown in Table
4.6 and consists primarily of Cr. This may be result of unmixed Cr, which may have been
caused by the presence of Cu or may have precipitated during the heat treatment process.
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The composition is similar to the Cr-rich BCC phase reported in [24] that is characteristic
to the MnCrFeCoNi system. But this Cr-rich BCC phase forms at lower temperatures may
not correlate to the observed shape and morphology.
Table 4-6 Elemental composition of Cr-rich phase observed after elevated temperature heat
treatments.
Element
Cr
Mn
Fe
Co
Ni
Cu
at. %

91.2

4.2

2.6

1.2

0.7

0.2

From this point, the preceding evaluation demonstrates that there is little to no
tendency towards compositional homogenization after high temperature heat treatments.
The associated high-temperature microstructure is observed to have a distinct Cu-rich
phase and Cu-depleted primary phase. Formation of a "lava-lamp" morphology inside the
microstructure is the most unique feature and may be consequence of interfacial instability
within the cast structure. The formation of such morphology suggests that the specific alloy
system has a high potential for change.
4.4.3 Slow Cooling of Equiatomic CrMnFeCoNiCu from the Liquid State
The fast cooling rates and thermal gradients associated with the process of arc or
induction melting, is bound to lead to non-equilibrium solidification, which explains the
observed microstructure and the potential for change after high temperature annealing. As
a result, we conclude that the possible phase separations are currently unknown and
unexplored. Equilibrium solidification, which results in the formation of equilibrium
microstructures, can only occur when solidification occurs over geological time scales.
Consequently, in practice, solidification cannot occur at equilibrium. However, it is
logically obvious that degrees of deviation from equilibrium occur and form a hierarchy
that follows with an increasing cooling rate [81]. It is important to note here that some
equilibrium phases, particularly those with complicated crystal structures, have slow
nucleation and/or interface attachment kinetics and, as a result, may be absent in
microstructures produced by fast cooling rates or even after prolonged annealing [81].
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Figure 4-8 shows a cross section of the resulting ingot, revealing a significant
morphological change. The ingot's top consists of accumulated macro crystallites forming
a distinct acicular morphology. The side cross section reveals a composite of large macro
precipitates within a matrix with a high density of micro and macro cracks. Elemental
evaluation of a 1mm wide section spanning from the top to the bottom of the ingot is

Figure 4-8 Sections views of the as cast ingot. a) Cross section views of the as cast ingot,
(b) top view of the as cast ingot showing acicular precipitates on the surface, (c & d) SEM
micrograph showing the morphology of a) & b) respectively.
presented in Figure 4-9.
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Figure 4-9 Image stitched layered EDS elemental map of a 1 mm wide cross section from
bottom to top and its constituent elemental maps of Cr, Mn, Fe, Co, Ni and Cu,
respectively.
The map spectrum is summarized in Table 4-6 and shows only minor deviations from the
projected equiatomic composition, except for Mn. Evaporative loss of Mn is likely given
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the characteristic tendency to evaporate at elevated temperatures. However, given
measurement error margins of 1-2 at. %, we can assume overall consistency throughout the
process cycle.
Table 4-7 Projected and measured compositions of the cast ingot.

Element
Cr
Mn
Fe
Co
Ni
Cu

Projected at. %
16.6
16.6
16.6
16.6
16.6
16.6

Measured at. %
17.2
14.8
16.9
17.2
17.2
16.9

In comparison to microstructures formed by arc melting or annealing, the slow
cooled microstructure it is unrecognizable. This is evidenced by the absence of previously
observed, compositionally distinct segregations. The slow-cooled microstructure is defined
by two main characteristics: Cr-rich crystallites and a Cu-segregated matrix. The
topological distribution of crystallites varies from top to bottom, where the frequency is
lowest at the bottom and highest at the top of the ingot. The matrix exhibits a segregated
morphology, with Cu-enriched pockets accumulating at the bottom and decreasing toward
the top of the ingot.
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Based on these observations, morphology, chemical distribution and topological
arrangements vary from top to bottom. Thus, detailed analysis can be summarized by
evaluating regions of interest from the bottom, middle and top. Figure 4-10 shows an

Figure 4-10 Region of interest from the bottom of the ingot. a) EDS layered map and
constituent elemental maps of Cr, Mn, Fe, Co, Ni and Cu, respectively. C1, M1, and M2
are assigned to distinguishing characteristics. b) A histogram quantifying C1, M1, M2,
respectively.
elemental map of a region near the bottom of the ingot. The microstructure consists of a
macro segregated matrix and sparsely distributed crystallites. As previously mentioned, the
extent of Cu-segregation distinguishes the region near the bottom. The elemental maps of
Cr, Co, Fe, and Cu are particularly noteworthy here as they highlight the morphological
characteristics of the segregation.
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As evident in the elemental map of Cr, the crystallites accumulate the vast majority
of elemental Cr, with concentrations exceeding 50% at. Moreover, the accumulation of Cr
accompanies rejection of Ni and Cu, implying limited solubility of these elements within
the crystallites. The crystallites have sharp compositional boundaries that define the
geometric shape, which may be classified as faceted given the polygonal morphology.
Faceting is common in intermetallic alloys, but it is ultimately determined by the interfacial
energies between the phases.
The matrix, on the other hand, has dendritic-like segregation characteristics, as
evidenced by the branching of dendrite arms seen in the Co and Fe elemental maps. Some
previously observed tendencies persist, most notably declinations regarding Cu within
regions concentrated with Cr, Fe, and Co. Regions enriched with Cr, Fe, and Co within the
matrix are synonymous with regions depleted in Cu and vice versa, a trend also observed
in the as-cast and heat-treated microstructures. The composition of the dendrite arms (M1)
is composed mainly of MnFeCoNiCu with near equiatomic proportions with negligible
amount of Cr. As a result, the solubility of Cr within the matrix appears to be limited. The
interdendritic region (M2) is composed primarily of Cu (exceeding 60 at. %), with close to
equal ratios of Mn/Ni and minor amounts of Cr, Fe, and Co. Surprisingly, the elemental
composition of the Cu-rich region (M2) follows a compositional pattern that is like that of
the FCC2 phase, or the ID composition provided in Table 4-4. This could imply that the
same FCC2 phase is still present in the microstructure. If this is the case, then it is likely
that the matrix contains two distinct phases and dendritic segregation partially explains the
observed morphology. This can be argued by noting that compositional boundaries are
rather sharp, while cored or dendritically segregated microstructures have diffused
compositional boundaries. Additionally, the volume fraction of the Cu-rich component
seems to be greater than that of the dendritic component, which is usually the primary
component with generally a higher volume fraction.
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Figure 4-11 shows an analysis of the region of interest taken from the middle.
Trends in elemental segregation share a similar pattern but diverges from the bottom

Figure 4-11 Region of interest from the bottom of the ingot. a) EDS layered map and
constituent elemental maps of Cr, Mn, Fe, Co, Ni and Cu, respectively. C1, C2, M1, and
M2 are assigned to distinguishing characteristics. b) A histogram quantifying C1, M1, M2,
respectively.
microstructure by the presence of Cr-rich coagulates, C2 in Fig. 4-15a). The shape and
morphology of the coagulates are not well defined, but their distribution surrounds the main
crystallites. Such a distribution may indicate a coalescence process, where merging of Crrich coagulates results in the formation and growth of the major crystallites. The Cr-rich
crystallites are larger in size and contain a larger fraction Cr than the bottom zone
crystallites. The increase in Cr is notably balanced by a reduction in Fe and Co. The
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difference in composition between the coagulates and the main crystallites is likewise
similar, with the coagulates being similar in composition to the bottom crystallites.
Variations in elemental distribution and morphology within the matrix are also
apparent. Previously, macro segregation with a large volume fraction of the Cu-rich
component characterized the matrix in the bottom zone. The middle zone, on the other
hand, has a lower proportion of the interdendritic Cu-rich components, indicating that
segregation is more subtle with a higher fraction of a primary dendritic component. This is
also evident in the elemental maps of Co and Fe, where chemical distribution is diffuse
across the dendrite arms and lacks the sharp contrast previously observed. Elemental maps
of Mn and Ni also differ. Elemental distribution of Mn based on contrast shows enrichment
in the (M2) regions, which differs from the close to uniform distribution observed
previously. For Ni, there are almost no discernible differences in contrast, implying
chemical homogeneity between the two regions M1 and M2. The dendrite arms (M1) have
a slightly different chemical composition than the dendrites in the bottom zone. Changes
in Fe/Ni/Co ratios are negligible and can be assumed constant; the most notable difference
is in the Cu and Mn contents, where a decrease in Cu is offset by an increase in Mn. For
the interdendritic Cu-rich region (M2), significant compositional differences are evident
by a reduction in Cu-content, which is accompanied by an increase in Fe, Co, Mn and Ni,
but no change in the Cr content. However, it should be noted that the analysis regions are
smaller than previous, as such the differences may be a result of measurement errors.
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Figure 4-12 shows an analysis of the top portion of the ingot. The morphology and

Figure 4-12 Region of interest from the top of the ingot. a) EDS layered map and
constituent elemental maps of Cr, Mn, Fe, Co, Ni and Cu, respectively. C1, C2, M1, and
M2 are assigned to distinguishing characteristics. b) A histogram quantifying C1, M1, M2,
respectively.
elemental distributions are similar to those of the middle microstructure, although there is
a propensity towards further chemical homogeneity within the matrix. This can be observed
in the elemental maps of Mn, Fe, Co, Ni, and Cu, where contrast variations within the
matrix are comparably reduced, resulting in a lower volume fraction of Cu-rich pockets.
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Compositionally, the C1, C2, M1, and M2 regions are comparable to those in the middle
section and differences can be assumed negligible.
Taken together, the analysis identifies at least four compositionally and
morphologically distinct features that describe the microstructure of the cast ingot. The
size, shape, composition and distribution of these features vary across the microstructure.
Overall, regional differences in composition are significant only when compared to
compositions analyzed from the bottom of the microstructure. However, useful insights
about the solubility or segregation tendencies of the alloying components can be drawn,
granted that a significant variation exist
The crystallites and coagulates are characterized within the compositional bounds
of

Cr53-62Mn8-10Fe16-21Co10-13Ni2.5Cu~0

and

Cr48-49Mn12-15Fe21-22Co14Ni1-2Cu~0,

respectively. Variation in trace amounts of Ni and Cu imply that the crystallites are
chemically defined by Cr, Me, Fe, and Co. The upper and lower bounds follow a trend, in
which the upper bounds of Cr are balanced by the lower bounds of Mn, Fe, Co and vice
versa. The variation is likely due to proportional dissolution of Mn/Fe/Co, which will then
depend on the local chemical environment that surrounds the crystallites. Moreover,
bounds describing the primary dendritic and interdendritic components of the matrix are
Cr2-3Mn14-16Fe19-21Co22-24Ni23-24Cu14-18

and

Cr~0Mn16.5-23Fe2-5Co3-7Ni13-19Cu46-66,

respectively. Rejection of Ni and Cu from the crystallites contrasts the rejection of Cr from
the matrix, suggesting that the matrix is defined primarily by Mn, Fe, Co, Ni and Cu.
The microstructural variations can be explained by considering buoyant and
gravitational factors. The sparse distribution of crystallites near the bottom and gradual
accumulation towards the top implies that they form first, with a lower density than the
surrounding liquid. As a result of buoyant forces, crystallites will float towards the top and
cover the surface. The morphological gradient of the matrix can be explained similarly. If
we assume dendritic solidification, the formation of the matrix dendrites will be
accompanied by the rejection of lower melting point solutes into the liquid. In this context,
the solutes can be ascribed to Cu/Mn that saturate and form a Cu-rich liquid. Given that Cu
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is the heaviest element, it would be expected that gravitational forces will lead to
accumulation towards the bottom.
Significant structural changes are also evident, as shown by the XRD presented in
Figure 4-13. In contrast the diffractograms shown in Figures 4-2 and 4-3, similar FCC

Figure 4-13 XRD pattern of CrMnFeCoNiCu alloy after slow cooling showing multiple
phases. For unindexed peaks, the interplanar spacing “d” is given in angstroms.
diffractions are evident, with obvious changes emphasized by the appearance of a sigma
phase (σ) and numerous undefined peaks. For the FCC phases, the calculated lattice
constants are 3.613 Å (FCC-S1) and 3.649 Å (FCC-S2), respectively. The FCC phases
likely belong to the matrix compositions, where the Cu-rich matrix results in a larger lattice
constant. The sigma σ phase likely belongs to the Cr-rich crystallites as chrome is a well
know stabilizer of the σ phase. The lattice parameters for the σ phase was found to be
a=b=8.614 Å and c=4.569 Å which results in a slightly slower volume than what was
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reported in [24]. For the unindexed diffractions, the COD database available failed to match
any compound or phase that contains elements in the alloy. The peak with d=3.597 Å is
similar to the lattice parameters of the FCC phase and may represent an ordered FCC phase
or may an ordered tetragonal L10 phase. The peak with d=7.259 Å is by far the most
unusual. Firstly, the value is roughly double that of the lattice parameter of the FCC-S1
phase, suggesting that there may be a correlation. Secondly, presence of a peak at low
angles suggests a very large structure. One possibility may be the transformation of
martensite, or the peak forms because of the interface between the sigma phase and the
FCC phase.
4.4.4 Derivation of MnFeCoNiCu from the slow cooled microstructure.
Configurational entropy is widely acknowledged as a fundamental concept that
explains the formation of solid solutions. Within the scope of HEAs, configurational
entropy is maximized by utilizing the multi principle element concept, which in turn is
thought to facilitate solid solution formation by lowering the free energy by

0 , or when
∆Gmix =−T ∆Sconf .This assumption is valid for ideal solutions, ∆H mix =
∆H mix ≠ 0 , granted that deviations from ideal behavior are small. The equiatomic
CrMnFeCoNiCu system solidifies into two compositionally distinct phases when prepared
by arc melting and into at least three compositionally distinct phases when cooled slowly
from the melt. Decomposition highlights the notion of non-ideality, more specifically, the
influence of enthalpy and the interactions between the constituents. In the first case, a
primary FCC structure is compositionally defined by a nearly equiatomic CrMnFeCoNi
system and the rejection of Cu. Such a tendency can be interpreted by evaluating the binary
enthalpies of the constituents given in Table 4-7
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Table 4-8 Values of mixing enthalpy calculated by Miedema's model of binary atomic pairs
between all constituent elements.
Cr
Mn
Fe
Co
Ni
Cu
Cr
0
2
-1
-4
-7
12
Mn
0
0
-5
-8
4
Fe
0
-1
-2
13
Co
0
0
6
Ni
0
4
Cu
0
Aside from the Cr-Mn pairs, all binary pairs within the Cr-Mn-Fe-Co-Ni system
are 0 or negative. This clearly contrasts to the positive values for binary pairs between Cu
and all other elements within the system. Accordingly, this would lead to an expected demixing of Cu based on a positive enthalpic contribution. Moreover, the enthalpy of mixing
for a system containing Cr-Mn-Fe-Co-Ni will always be a net negative near equiatomic
ratios, and in the order of -4 kJ/mol for an equiatomic alloy. This viewpoint most likely
explains the formation of Cr-rich crystallites.
The formation of Cr-rich crystallites emphasizes the hypothesis that a
thermodynamically favorable solid solution is not a Cr containing, near equiatomic phase
within the CrMnFeCoNiCu system, and any such forms are in a quenched disordered state
and decompose if kinetically favorable conditions are met. Furthermore, composition of a
primary matrix phase formed after slow cooling is nearly equiatomic and is defined by the
elements. Mn-Fe-Co-Ni-Cu, trace amounts of Cr and observed within the compositional
bounds of Cr2-3Mn14-16Fe19-21Co22-24Ni23-24Cu14-18. In this respect, the near equiatomic
bounds imply a likelihood for forming a solid solution state. This is especially noteworthy
given that the precursor for the Cantor alloy is often mentioned as a compositionally
favorable primary phase within systems containing Cr-Mn-Fe-Co-Ni. Table 4-6 provides
an overview of compositions evaluated from elemental analysis of primary dendritic from
the bottom, middle and top zones along with calculated mixing enthalpy and entropy.
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Table 4-9 Review of regional compositions taken from the bottom, middle, top and their
respective thermodynamic parameters.
−∆S mix ∆H (kJ/mol)
Element (at. Cr
Mn
Fe
Co
Ni
Cu
mix
%)/Region
R
Bottom

2.4

13.9

19.5

22.5

23.9

17.8

1.7

1.52

Middle

2.4

15.5

21.0

23.6

23.5

14.2

1.7

0.68

Top

2.8

14.7

20.9

23.7

23.7

14.0

1.7

0.68

The calculated thermodynamic values show that the mixing entropy remains
constant regardless of the region. On the other hand, the enthalpy of mixing is found to be
2 times higher with respect to the composition observed in the bottom zone. This is quite
interesting considering the narrow compositional bounds, as it demonstrates how minor
compositional fluctuations may lead to significant enthalpic contributions without
impacting the entropic term. The difference, in this case, is a consequence of a higher Cu
content with a positive contribution, coupled with a lower Mn content with a negative
contribution.
As was previously discussed, a solid solution state with random atomic
configurations is enabled by a high mixing entropy and a near-zero mixing enthalpy, which
in turn facilitates ideal or nearly-ideal solution behavior. In relation to these concepts, the
compositions at the top or in the middle contain the most effective elemental ratios as
potential solid solution. The ratios can be further optimized by excluding Cr and adding
Mn in place. The can be argued by considering several points;(i) Cr positively interacts
with Mn as well as Cu and contributes to a higher mixing enthalpy; (ii) a minor increase in
Mn will lower the overall mixing enthalpy; (iii) the processing of the melt resulted in an
evaporative loss of Mn in the order of 2 at%, and the addition would compensate the loss
or one that may occur. Accordingly, the optimized composition equates to
Mn17Fe21Co24Ni24Cu14, which lowers the mixing enthalpy to 0.49kJ/mol and a mixing
entropy of 1.59 R.
To determine whether the derived composition is viable, a 5g button
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is arc-melted for evaluation. XRD structural analysis of a cross section, results in the
diffractions shown in Fig. 4-21. The alloy solidifies into an FCC structure with a calculated
lattice parameter a = 3.594. Microstructural and elemental analysis of region taken from
the same cross section is shown in Fig. 4-15

Figure 4-14 Diffractogram of as cast Mn17Fe21Co24Ni24Cu14 alloy showing
single phase FCC diffractions.
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Figure 4-15 Layered EDS map and constituent elemental maps from an arc melted,
Mn17Fe21Co24Ni24Cu14 alloy cross section.
The solidified microstructure is dendritic, with Fe/Co and Cu/Mn-enriched
dendritic and interdendritic regions, respectively. The composition of each region is
presented in the Table. 4-10
Table 4-10 Compositions of dendritic (D) and interdendritic (ID) regions measured by
EDS.
Region/element Mn
Fe
Co
Ni
Cu
D
11.4
27.3
29.5
23.1
8.7
ID
20.2
15.9
18.0
24.8
21.2
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As expected, elements with lower temperatures are ejected into the interdendritic
region during dendritic solidification. However, in interdendritic regions, the Ni content,
which has the highest melting point, is nearly identical or marginally higher. This is quite
interesting and suggests that Ni's interaction within the system is neutral.
As previously discussed, a dendritic microstructure might not represent the
equilibrium phase of a given system, but rather a structurally and a compositionally
metastable state. For additional evaluation of the alloy, thermal and chemical
homogenization is necessary. Which is performed by slicing the ingot, rolling to a 30 %
reduction in thickness, annealing at 1050 o C for 1.5 hours, and then allowing the furnace
to cool to room temperature. Figure 4-16 shows the corresponding XRD pattern and an
optical micrograph of the microstructure

Figure 4-16 a) diffractogram of homogenized Mn17Fe21Co24Ni24Cu14 alloy
showing single phase FCC diffractions and near equiaxed microstructure in b).
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After homogenization, the alloy recrystallizes into a microstructure that is nearly
equiaxed and retains FCC diffractions. The calculated lattice parameter equals to 3.605 A,
which is slightly greater than the lattice parameter in the as cast. However, even slight
variations are indicative of large differences when lattice parameters are compared. The
variation may be a result of casting-related stresses or it may be a result of the
homogenization process. The latter case is more likely, as the primary dendritic phase,
enriched in Co/Fe would result in a lower lattice parameter. Elemental maps of the
homogenized misconstrue is shown in Fig. 4-17

Figure 4-17 Layered EDS map and constituent elemental maps of
homogenized Mn17Fe21Co24Ni24Cu14 alloy. Cu-enriched oxides inclusions
are found within pores.
EDS analyses of the microstructure reveal no preferential elemental clustering. It
should be noted, however, that the maps represent analyses within the accuracy limits of
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EDS analysis, which is approximately 1um, and clustering may be present in the nanoscale but not observable in the microscale.
4.5

Summary and Conclusions
In this work, the association between thermal history and the resultant phases and

microstructures are investigated for the equiatomic CrMnFeCoNiCu system. By
manipulating the thermal history of the system, the alloy was extensively studied. The
system solidifies into a duplex microstructure consisting of two compositionally distinct
FCC solid solutions when prepared by arc melting. The decomposition results in the
formation of a primary solid solution resembling the Cantor alloy (mainly composed of CrMn-Fe-Co-Ni) and a Cu-rich solid solution phase. Compositionally and structurally, the
duplex microstructure persists after 48 hours of thermal equilibration at 1200 oC; however,
the treatment results in significant morphological evolution with characteristics often
observed in immiscible systems. These results corroborate the findings by [80], and expand
the evaluation by analyzing the microstructural evolution after high temperature heat
treatments.
When the system is solidified from a molten state using a slow cooling technique
developed in this work, the resulting microstructure is significantly different. In this case,
the microstructure is defined by the formation of large Cr-rich intermetallic crystallites and
solid solution matrix with a primary dendritic phase consisting of a near equiatomic
MnFeCoNiCu system and the same Cu-rich solid solution observed previously. Further
optimization of the primary matrix was used to derive a unique non-equiatomic
Mn17Fe21Co24Ni24Cu14 alloy that solidifies and recrystallizes into an FCC structure. The
elemental content and combination are unique, resulting in a mixing enthalpy of
0.49kJ/mol, resembling a near ideal solution. This is especially significant given that a
desirable solid solution phase is not a Cr-containing system. Furthermore, this finding
provides a unique non-equiatomic HEA applicable for fundamental studies as an
alternative of the Cantor. The thermodynamics, phase stability and mechanical behavior
may be compared to the equiatomic counterpart, thus providing a basis for understanding
HEAs and mechanisms related to structure property relations. Together, the results
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demonstrate that variation in cooling rate from the melt may significantly change the
outcome and the observed phases. Approach developed is readily applicable for evaluating
other systems.
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HIGH ENTROPY ALLOYS WITH HEXAGONAL CLOSE-PACKED STRUCTURES
DERIVED FROM THIN FILM COMBINATORIAL APPROACH
5.1

Introduction
High entropy alloys (HEAs) are a novel class of metallic materials that have

triggered a renaissance in physical metallurgy, beginning with seminal publications on the
subject in 2004 [2, 80]. For these alloys, entropy is critical because intrinsic disorder
stabilizes the structure. There are several defining characteristics for HEAs, and one of the
most common is that an alloy contains at least five principal alloying elements, each at a
concentration between 5-35 at. % [2]. Certain HEAs exhibit striking properties
encompassing high strength, ductility, thermal stability, and corrosion resistance [82-84].
The inherent complexity and the immense number of possible compositions associated
with HEA systems offer great potential for scientific discovery and practical benefit.
However, the routes to achieving HEAs with exceptional properties differ from those in
traditional alloy design.
A limited number of single-phase HEAs have been reported, and research has
shown that a random selection of five principal elements is unlikely to induce the formation
of a stable solid solution. Therefore, the development of methods that efficiently identify
compositions resulting in a suitable microstructure and properties is of fundamental
importance to HEA research [82-84].
Current research on HEAs is primarily focused on alloy systems that normally
exhibit body-centered cubic (BCC), face-centered cubic (FCC), or alternating mixtures of
both crystal structures [17, 84]. As pointed out by Miracle et al. [82], research studies to
date have reported results for ~56% FCC and ~43% BCC phases, with only 1% hexagonal
close-packed (HCP) phases. Thus, reports of HEAs with HCP structure are relatively
scarce and motivate considerable scientific curiosity.
Zhang et al. [17] suggested that the HCP structure is likely to be achieved for HEAs
that are composed of rare earth elements since these often form binary HCP solid solutions.
Studies based on this idea resulted in several HCP-HEA systems: YGdTbDyLu [50]
GdTbDyTmLu [51, 52], and DyGdHoTbY [52]. These systems are, however, dominated
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by f-block metals that are chemically and structurally similar, and therefore may not be
predictive of or correlated to HEAs from d-block metals. Gao et al. [53] computationally
predicted several transition metal systems that should exhibit the HCP structure, with
subsequent experimental verification in the CoFeReRu system. More recent studies
reported the discovery of HCP systems based on d-block metals containing IrOsReRhRu
[54], ScTiZrHf [85], and NbMoRuRhPd [86]. Discovery of new HCP-HEAs would
provide additional data for assessing phase stability, structure formation, and an improved
fundamental understanding of HEAs.
HEA thin film deposition by DC magnetron sputtering offers a feasible method for
alloy fabrication and screening [7, 68-70]. Additionally, thin film HEAs are emerging as
novel coating materials with properties spanning improved corrosion resistance and wear
resistance, to unique or enhanced magnetic and electrical properties [16, 87-89]. One of
the author’s previous studies on thermionic dispenser cathodes [90] investigated thin film
composition gradients of Os-Ru-W and explored the stability and evolution of phases with
increasing concentration of W. In that study, it was found that solid solutions with the HCP
crystal structure formed when the W content was below 50 at. %. Leveraging these results,
the current study incorporated the addition of Co to evaluate the four-component Os-RuW-Co system as a basis for the formation of HCP HEAs.
This study is motivated by scientific curiosity to expand the limited number of
HEAs with HCP structure and to provide additional information for understanding the
prediction and formation of HEAs in general. These goals were addressed first by utilizing
a combinatorial screening strategy that employed thin films, with continuous composition
gradients, to identify a new HEA compositional space with HCP structure. Second, the
compositional space was evaluated to select a stable HEA system for bulk fabrication,
which was found to exhibit HCP structure in the as-cast state.
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5.2

Materials and Methods
An OsRuWCo thin film with a two-dimensional composition gradient was

sputtered at room temperature by DC magnetron sputtering in an inert atmosphere (ATC
Orion by AJA International Inc.). The base pressure in the sputtering system was less than
1x10-5 Pa (7.5x10-8 Torr). The film was deposited on a glass substrate from three targets:

Figure 5-1 Schematic illustrations of (a) the sputtering arrangement using Co,
OsRu and W sputtering targets to deposit the combinatorial thin film sample, and
(b) the glass substrate with 24 locations for analysis of crystal structure and
composition.
Os60Ru40 alloy, W (99.99% purity), and Co (99.95% purity). The orientation of sputtering
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targets with respect to the substrate is illustrated in Fig. 1a, and the substrate was held in a
fixed position during deposition to create the composition gradient.
5.3

Results and Discussion

5.3.1 Thin Film with Composition Gradient
The thin film combinatorial approach yielded 24 unique samples for compositional
and structural analysis. Composition data generated from EDS analyses are based on
average values of the sample area and are listed in Table 5-1.
Table 5-1 Elemental compositions from EDS analyses for all 24 thin film sample locations.
Crystalline regions (as determined from XRD scans) are indicated by an asterisk and were
observed for locations 13-24.
Location

1

2

3

4

5

6

7

8

9

10

11

12

Co

6.6

6.4

7.9

9.9

10.4

11.4

12.4

12.1

14.0

16.2

16.7

17.4

Os

17.8

17.2

16.5

18.5

18.4

18.2

20.8

19.4

18.6

22.0

20.3

21.0

Ru

20.0

18.6

19.3

22.5

21.6

20.1

24.0

24.9

23.3

26.6

25.6

23.0

W

55.7

57.9

56.3

49.1

49.6

50.4

42.8

43.5

44.1

35.3

37.4

38.6

13*

14

15*

16*

17*

18*

19*

20*

21*

22*

23*

24*

Co

23.8

24.2

23.2

28.5

30.1

31.0

33.7

36.6

37.3

37.5

39.0

41.3

Os

21.0

21.1

21.3

22.2

21.1

20.2

22.4

20.5

20.3

21.8

20.7

19.6

Ru

26.6

25.1

25.0

26.4

25.1

24.5

27.3

24.8

23.7

25.8

24.6

24.3

W

28.6

29.7

30.6

23.0

23.7

24.3

16.6

18.2

18.7

15.0

15.6

14.8

(at. %)

Location
(at. %)

A relatively large compositional space was covered, with Co, Os, Ru, and W
contents in the range of 7-41 at. %, 19-27 at. %, 17-22 at. %, and 15-58 at. %, respectively.
In addition to these compositional variations, the XRD analyses revealed a structural
gradient. Four types of structures were observed: amorphous, primarily amorphous, semi-
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crystalline, and crystalline. Fig. 5-2 provides examples of measured XRD scans, where a
clear evolution from amorphous to crystalline phases is observed.

Figure 5-2 Combined plot of XRD spectra for select thin film locations, showing the
evolution from amorphous to crystalline phases.
Regions closer to the W target (locations 1-9, as indicated in Fig. 1b) were fully or
predominately amorphous. The onset of crystallinity was observed for regions near the
OsRu target (locations 10-12, 15) and fully crystalline regions were observed near the Co
target (locations 13, 14 and 16-24). XRD scans that exhibited crystalline peaks were
analyzed and indexed. Single-phase HCP diffraction patterns were identified for all fully
crystalline compositions (13, 14, 16-24).
As mentioned in [20], the binary Os60Ru40 alloy exists as an HCP phase and this
structure is retained as W is added to the alloy, up to a composition that includes 50 at. %
W. Above this W content, a body-centered tetragonal (BCT) phase form. In the current
study of Os-Ru-W-Co alloys, W content ranged from at least 15 at. % to 58 at. %, and the
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Os/Ru elemental ratio remained nearly constant along the gradient axis. However,
crystallinity was not exhibited by alloys with W content above 35 at. %. Given the results
from [90] , where crystallinity (HCP and BCT) was present in all cases for W content
between 8 and 85 at. %, it appears that the addition of Co significantly affects phase
formation in the current study. Lower Co content has a destabilizing and glass-forming
effect, while higher Co content promotes crystallinity.
Based on observations in the current study, it can be argued that stable HCP
structures are probable over a composition range spanning at least 24-41 at. % Co, 20-22
at. % Os, 24-26 at. % Ru, and 15-30 at. % W, respectively. Although the ranges for Os and
Ru seem to be narrow, it is noted that these elements came from a fixed-composition alloy
sputtering target, and therefore large compositional variations were inhibited across the
gradient sample studied here. This does not suggest that other compositions do not form
HCP or other crystalline structures but does demonstrate that a large compositional space
within the HCP OsRuWCo system exists. The sputtering arrangement dominates the
composition range for a given thin film and may be altered to cover a much larger gradient.
The use of individual sputter guns for each constituent element would generate a broader
compositional gradient but was not available for this study.
To substantiate the composition-structure relationship between thin film and bulk
material, the composition at location 20 was selected for bulk alloy fabrication. This choice
was based on two criteria: (1) the presence of clear single-phase HCP peaks in XRD scans,
and (2) compositional compatibility with the Os/Ru ratio that can be achieved using the
binary Os60Ru40 alloy. It is noted that this binary alloy was utilized due to toxicity concerns
associated with the use of elemental osmium, namely the formation of osmium tetroxide.
Alloying with ruthenium avoids this problem, and therefore Os60Ru40 pieces (identical to
the sputtering target alloy) were used for bulk alloy fabrication.
Successful

synthesis

of

the

bulk

alloy

(intended

composition

Co36.6Os20.5Ru24.8W18.2) with elemental homogeneity was initially challenging due to
incomplete melting and gravitational segregation of high melting point metals, which
hindered overall miscibility. To address this issue, the fabricated piece was cut in half,
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stacked, and re-melted; this process was repeated several times. A backscattered electron
(BSE) micrograph and compositional maps of a cast ingot are shown in Fig.5-3.

Figure 5-3 (a) SEM image in BSE mode of an as-cast bulk alloy with intended overall
composition of Co36.6Os20.5Ru24.8W18.2. Darker regions correspond to the interdendritic
(ID) phase and lighter regions correspond to the dendritic (D) phase. (b) Combined EDS
compositional map.
At moderate magnification for imaging and EDS analysis, the overall alloy
composition agreed with the intended composition. However, at higher magnifications,
microstructural heterogeneity caused some local variation in measured alloy composition.
A typical cored structure was observed, with Co-enriched inter-dendritic (ID) regions and
Os-rich dendritic (D) regions. EDS elemental analysis of these regions revealed
Co11.7Os44.4Ru15.0W28.7 for (D) and Co45.3Os17.7Ru13.9W23.1 (ID), respectively.
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Initially, a sample with mass of 5 g was produced, and the XRD spectrum for this

Figure 5-4 XRD patterns of alloy samples with nominal composition of
Co36.6Os20.5Ru24.8W18.2. (a) ~2.5 g sample that exhibits no peak shoulder. (b)
Bulk alloy with mass of 5 g, which exhibits a shoulder on the (101) peak. (c)
Spectrum for the corresponding thin film location in the initial composition
gradient sample.
as-cast specimen is shown in Fig.5-4a. The diffraction peaks were indexed as HCP.
However, shoulders were observed on certain peaks, e.g., the (101) peak as indicated by
the circle-cross symbol as well as an unknown peak with interplanar spacing of d=2.8223Å.
This may indicate the presence of a secondary phase with lattice parameters similar to those
of the majority phase or formation of a sigma phase such as the one observed in [90]. It
could also be the result of elemental segregation due to coring, such as that observed in
Fig. 3. A homogenization heat treatment could yield a compositionally uniform sample,
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but for this specific alloy, elevated temperatures approaching or exceeding 2000˚C could
be required, which was not possible in the current study. Thermal homogenization was
attempted at 1500˚C for one week, but this caused de-alloying of the sample via
evaporation of Co and was therefore unsuccessful. Recrystallization through
thermomechanical processing was attempted but was also unsuccessful due to the hard and
brittle nature of the as-cast alloy. It is noted that thin film deposition results in almost
instantaneous solidification, and there is insufficient time for segregation of elements. This
rapid solidification can drastically reduce or avoid coring. Other processing methods such
as melt spinning can achieve rapid solidification. However, that equipment was also not
available for the current study. To create a more homogeneous as-cast microstructure, the
mass of the arc-melted sample was reduced by simply cutting the 5 g sample in half and
re-melting it.
This new sample with lower mass (2.5 g) yielded the XRD spectrum shown in Fig.
5-4b and the microstructure in Fig 5-3. Peak shoulders were eliminated, and the diffraction
peaks in this bulk alloy closely more matched those of the thin film alloy (shown in Fig.54c). The calculated lattice parameters from the diffraction spectra were a = 270.8 pm, c =
431.3 pm, c/a ratio of 1.593 for the bulk alloy, and a = 266.7 pm, c = 426.5 pm, c/a = 1.599
for the thin film alloy, respectively. Differences between the two sets of lattice parameters
were evident and may be due to elemental segregation in the as-cast bulk alloy. Another
possibility is that biaxial stress in the plane of the thin film can cause contraction in the
interplanar spacing of diffracting planes and lead to peak shifts in the XRD spectrum. A
tensile film stress would cause diffraction peaks to shift to higher angles, in agreement with
observations in the current study (compare Figs. 4b and 4c).
The OsRuWCo alloy discussed here may not technically be an HEA, based on the
criteria requiring five or more elements; instead, it would be called a medium entropy alloy
or a multi-principal element alloy. To meet the required criteria for further HEA
development, additions of a fifth element to the OsRuWCo system were also evaluated. Ir
and Fe were chosen as candidate elements to add to the Co36.6Os20.5Ru24.8W18.2 system.
Compatibility of additional elements in this study was considered in the context of two
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criteria: similarities in atomic radii (Table 5-2) and binary solubility between each
constituent element.
Table 5-2 Calculated lattice parameters a and c, along with the c/a ratio, of the HCP alloys
in this study. The lattice parameters and atomic radii of constituent elements are also listed
[91].
Alloys and Elements
a(pm) c(pm)
c/a
r(pm)
Co36.6Os20.5Ru24.8W18.2(film)
266.7 426.5
1.599
Co36.6Os20.5Ru24.8W18.2
270.8 431.3
1.597
Co30.5Os14.4Ru18.7W12.1Ir24.4
268.0 429.3
1.601
Co30.5Os14.4Ru18.7W12.1Fe24.4
262.2 424.9
1.621
Co
250.7 407.0
1.623
126
Os
273.4 431.7
1.578
128
Ru
270.6 428.2
1.582
126
W
316.5 146
Ir
383.9 136
Fe
286.7 125
The Co content was also increased by ~67% to achieve a composition that is closer
to equiatomic and thereby increase the entropy of mixing, which is preferable for solid
solution

formation.

The

resultant

compositions

of

the

two

HEAs

were

Co30.5Os14.4Ru18.7W12.1Fe24.4 and Co30.5Os14.4Ru18.7W12.1Ir24.4. 5 g lots of each alloy were
cast through a similar processing route, in which samples were arc melted, cut in half and

93

re-melted several times to optimize chemical homogeneity. The resulting microstructures,
along with EDS maps and XRD patterns, are shown in Fig. 5-5.

Figure 5-1 SEM images in BSE mode of as-cast HEAs with nominal compositions
(a1) Co30.5Os14.4Ru18.7W12.1Fe24.4 and (b1) Co30.5Os14.4Ru18.7W12.1 Ir24.4. EDS
elemental maps of these alloys are displayed in (a2) and (b2), respectively. (c) XRD
scans for both HEAs.
Cored microstructures were observed in both alloys, and compositions measured
from the D and ID regions are indicated in Fig. 5d. Indexing of XRD diffraction patterns
indicated a single-phase HCP structure for each HEA. Unlike the XRD pattern for the as94

cast 5g OsRuWCo alloy (see Fig. 5-4a), peak shoulders were not evident in the XRD
patterns for the HEAs containing Fe and Ir, which indicates that only a single phase is
present.
Table 5.2 lists the lattice parameters (a and c) and c/a ratios calculated from XRD
patterns for all alloys in this study. Depending on the element added and its atomic radius,
either expansion or contraction of the average lattice parameters is expected and can be
measured using XRD. The addition of Ir results in nearly uniform contraction of the lattice,
with a minimal increase in the c/a ratio (0.25% relative to the base alloy; see Table 5-2).
In the case of Fe addition, the smaller Fe atoms reduce both lattice parameters, as one might
expect. However, there is a significant change in the c/a ratio, which increased by 1.5%,
from 1.597 to 1.621. For an ideal HCP structure with atoms in a close-packed arrangement,
a c/a ratio of 1.633 is expected. Deviation from the ideal packing configuration in HCP
metals arises from electronic or geometric interactions, which cause the effective atomic
shape to be ellipsoidal rather than spherical. It is postulated that the outer electron
configurations correlate with distortions in the c/a ratio [92, 93]. Furthermore, variations
in the c/a ratio are also reflected in physical properties as well as deformation mechanisms
[92-95]. The observed increase in c/a ratio with addition of Fe implies a tendency towards
ideal and closer packing, and suggestive of distinct changes in bond characteristics and
band structure. A contributing factor may be the similarity in atomic size between Co and
Fe, where the average concentration of smaller atoms raises packing efficiency. It is also
noted that the relative intensities of the (002) and (101) peaks differed for the two HEAs.
This indicates different degrees of crystallographic texture in the as-cast alloys, both of
which exhibited differences relative to the XRD spectrum expected for a powder HCP
sample.
Some clarifying points regarding use of the term’s “phase” and “crystal structure”
are noted here. In the context of this work, a single phase is a structurally homogeneous
material region which has only one crystal structure throughout. XRD and SEM results
suggest that the as-cast alloys have predominantly single-phase HCP structures. Similar,
but not identical, sample regions with ordered HCP structures may coexist. If their lattice
parameters are nearly the same, XRD peaks may overlap and not be distinguished. As
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differences in lattice parameters of these neighboring regions increase, XRD peaks will
begin to exhibit shoulders.
5.3.2 Nanoindentation Behavior
Mechanical properties for HCP structured HEAs are underexplored. Zhao et al. [52]
evaluated room temperature mechanical properties in compression for an equiatomic
GdHoLaTbY alloy and found relatively low values of strength. They also observed that the
mechanical properties followed a simple, linear rule of mixtures rather than exhibiting solid
solution strengthening, which may be due to similarities in metallic radii of the constituent
elements.
In the case of the alloys developed in this work, where some of the constituent
metals (Os, Ru, Ir, and W) exhibit high hardness values, sample preparation for mechanical
testing in tension or compression proved to be problematic. For this reason,
nanoindentation was used to investigate mechanical properties. This technique also
provides the capability to differentiate the properties of segregated adjacent regions, which
is useful for the as-cast alloys. Fig. 5-6 shows an example of a summary plot of reduced
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modulus and hardness from nanoindentation of the D and ID regions for the
Co36.6Os20.5Ru24.8W18.2 alloy. A plateau region is evident for indentation depths between

Figure 5-2 Nanoindentation test results for the Co36.6Os20.5Ru24.8W18.2 base alloy, showing
(a) reduced modulus vs indentation depth, and (b) nanoindentation hardness vs depth.
These values begin to plateau at an indentation depth of 250 nm, and this is where the
reported mechanical properties are determined. c) and d) SEM micrographs exemplifying
indents in D and ID regions.
250 and 350 nm, and average values were taken from this depth range. These are listed in
Table 5-3.
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Solid solution strengthening due to alloying with Fe or Ir was observed, as indicated
by positive changes in modulus and hardness. In all alloys, Co-enriched ID regions are
Table 5-3 Average values of reduced modulus and hardness measured during
nanoindentation of the dendritic and interdendritic regions, for each HEA in this study.
Alloy
Co36.6Os20.5Ru24.8W18.2
Co30.5Os14.4Ru18.7W12.1Fe24.4
Co30.5Os14.4Ru18.7W12.1Ir24.4

Region

Hardness (GPa)

D
ID
D
ID
D
ID

10.7+/-0.6
11.7+/-0.5
12.7+/-0.8
11.8+/-0.5
14.9+/-0.5
14.4+/-0.2

Reduced
(GPa)
332+/-13
371+/-16
361+/-14
362+/-12
461+/-10
456+/-9

Modulus

softer, which is consistent with Co being the softest and smallest of the alloying elements.
Compositional enrichment due to segregation contributes to a significant difference in both
modulus and hardness measured for the D and ID regions of the Co36.6Os20.5Ru24.8W18.2
alloy. In contrast, the difference in moduli between D and ID regions is minimal for the
alloys that contain Ir and Fe. Overall, additions of Ir and Fe to the OsRuWCo system appear
to homogenize mechanical properties in the resultant HEAs.
5.3.3 Empirical Parameters
Several empirical parameters commonly used in the HEA community for predicting
the formation of solid solution phases were calculated. These parameters include the
entropy of mixing (ΔSmix), enthalpy of mixing (ΔHmix), atomic size difference (δ), Ωparameter, and valence electron concentration (VEC) [61, 62]. These are listed in Table 4,
and the equations used to calculate each parameter are presented here.
The entropy of mixing (ΔSmix) for solid solutions can be approximated as:
N

∆Smix =
− R ∑ ci ln ci
i =1

(5.1)

where R is the ideal gas constant, ci is the atomic fraction of component i, and N is
the total number of components. As initially proposed by Yeh [2], maximizing ΔSmix
increases the probability of solid solution formation and phase stability. Since the entropic
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and enthalpic terms dictate HEA stability and solid solution formation, Zhang et al. [61]
proposed the Ω parameter, which combines contributions of ΔSmix and ΔHmix into a single
value (see below).
The enthalpy of mixing (ΔHmix) describes the compatibility of elements in an HEA,
which can be interpreted as their attraction or tendency to bond. This can be estimated by
[96]:
N

∑

∆H mix =

mix
4∆H AB
ci c j

=i 1,i ≠ j

(5.2)

mix

where ∆H AB is the binary mixing enthalpy of elements A and B in the liquid state?
mix

Values of ∆H AB are taken from [96]. To promote mixing, the value of ΔHmix should be
negative, but not to the extent that it would drive the formation of intermetallic compounds.
Zhang et al. [61] reported an empirical finding that, for solid solution formation to occur,
the value of ΔHmix should lie in the range -10 kJ/mol < ΔHmix < 5 kJ/mol.
The atomic size difference (δ) for solid solution HEAs is defined as [97]:
=
δ

n

∑ c (1 − r / r )
i =1

i

i

2

(5.3)

*100%

n

where ri is the metallic radius of the i component and r = ∑ ci ri is the average metallic
th

i =1

radius of the entire alloy. The central concept behind the δ parameter is that constituent
atoms with similar metallic radii can readily substitute for each other, and therefore have
comparable probability for lattice site occupancy. Empirical evidence has shown that for a
solid solution phase to form, an HEA should have a value of δ≤ 6.6% [61].
The Ω parameter [21] is defined as:
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Ω=

Tm ∆S mix
| ∆H mix |

(5.4)

where Tm is the average melting temperature of the multicomponent alloy. Zhang et al. [61]
found that values of Ω >1 imply that the effect of mixing entropy is greater than that of
the enthalpy of mixing. Therefore, HEA solid solutions are likely to form for values greater
than 1.1.
The valence electron concentration (VEC) is used to predict crystal structures of
HEAs and is defined as [62]:
n

VEC = ∑ ci (VEC )i

(5.5)

i =1

Where (VEC)i is the VEC for the ith element. VEC values < 6.87 indicate the
likelihood of forming a BCC crystal structure, whereas for 6.87 ≤ VEC < 8.0 a mixture of
FCC+BCC structures should exist, and for VEC ≥ 8 the FCC structure is expected.
Evaluation of the empirical parameters listed in Table 5- 4 indicates that the alloys
in this study are consistent with the guidelines for the formation of single-phase, solid
solution HEAs.

Table 5-4 Parameters that are possibly relevant to prediction of HEA solid solution
formation are listed here: entropy and enthalpy of mixing, calculated atomic size difference
∂, Ω-parameter and valence electron concentration (VEC) are provided for the HEA
systems in this study.
Alloy

∆Smix

∆Hmix

δ (%)

Ω

VEC

kJ/mol*K

kJ/mol

Co36.6Os20.5Ru24.8W18.2

1.34R

-2.43

3.75

8.15

8.00

Co30.5Os14.4Ru18.7W12.1Fe24.4

1.55R

-3.05

4.08

10.13

8.07

Co30.5Os14.4Ru18.7W12.1Ir24.4

1.55R

-4.38

4.34

7.71

8.32
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To better understand the applicability of these parameters to the OsRuWCo system,
phase-field diagrams were constructed and evaluated for all thin film and bulk alloy
compositions. The fundamental notion behind HEAs is that entropic stabilization
dominates and stabilizes solid solution formation. This concept is evident in Fig.5-7a,
where an increase in entropy facilitates structural evolution, from amorphous to semi-

Figure 5-3 Plots of standard parameters used to predict phase stability and crystal
structure of HEAs. (a) ΔSmix vs. ΔHmix, (b) Ω vs. δ, and (c) VEC, with both bulk and
thin film compositions shown in each plot.
crystalline to fully crystalline. Transition to the crystalline state initiates when the
configurational entropy exceeds 1.3R, and full crystallinity is achieved when the enthalpy
of mixing is –3.5 kJ/mol or higher. It is noted that departure from the highest entropy state
(and towards a less negative enthalpy) does not destabilize the crystalline structure.
Evaluation of Ω and δ in Fig. 7b also indicates a clear distinction between amorphous and
crystalline phases, with a transition line at a value of δ~3.8%. However, the transition
exhibited in the current system is contrary to what is normally expected. In this alloy
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system, crystallinity correlates with higher values of δ, while lower values of δ correlate
with amorphous phases. Typically, lower values of δ are consistent with the constituent
atoms easily substituting for one another, while for higher values of δ, the constituent atoms
do not readily occupy regular lattice positions and it is increasingly probable that an
amorphous phase will form. The results of the current study suggest that the stability of
crystalline phases in the OsRuWCo system does not correlate with simple geometric
considerations based on guidelines in the literature. It is also possible that larger values of
δ cause the average coordination number to increase, thereby promoting close packing.
An additional clear distinction between crystalline versus amorphous phases is
evident in Fig. 7c, where an increase in VEC (above ~7.6) strongly correlates with
crystallinity. Guo et al. [22] proposed that FCC phases are stable at higher values of VEC
(>8), and BCC phases are stable at lower values of VEC (<6.87). Since lower values of
VEC (<6) were not investigated in the context of stable crystalline structures, Takuchi et.
al [50] suggested that VEC=3 would apply to HCP structures, based on his results. This
was also the case in a study by Zhao et al. [52] where VEC=3 was found for HCP HEAs.
However, those alloys were composed primarily of rare earth metals that each have VEC
values of 3, and this VEC value may therefore not be relevant to alloys containing only
transition metals. In the current study, the calculated values of VEC range from 6.8 to 8.1,
but no formation of either FCC or BCC phases was observed.
An alternative interpretation of the transition from BCC to FCC crystal structure as
VEC increases may be that an increase in VEC promotes more closely packed structures.
The sequence of stable structures would thus be BCC, followed by HCP and then FCC.
The results of the current study are consistent with this alternative interpretation, with
increasing values of VEC corresponding to a transition from amorphous phases to semicrystalline and then to crystalline phases.
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5.4

Summary and Conclusions
In summary, the discovery of a new HEA system composed of OsRuWCo

exhibiting an HCP structure is presented. A clear evolution from amorphous to crystalline
phases as a function of elemental concentration was documented by XRD and EDS
characterization. Synonymous relationships between composition and structure were
verified for both thin film and as-cast alloys with a particular composition
(Co36.6Os20.5Ru24.8W18.2) in the series studied here. Two HEA derivatives were fabricated
from this system, with additions of Ir or Fe, and both exhibited as-cast HCP structures. In
all cases, the alloys exhibited similar cored microstructures with comparable degrees of
elemental segregation. The alloys were found to be extremely hard, based on
nanoindentation, with additional hardening due to solid solution alloying by Ir or Fe.
It is acknowledged that, given the processing difficulties, cost, and toxicity of Os,
the alloys studied here may not find practical application. However, alloy thin films in the
OsRuWCo system may have potential as a novel coating material, since compositional
variations can produce amorphous and crystalline phases. Leveraging this, multilayers of
amorphous versus crystalline phases (or compositional variations) can be utilized to tune
structure and properties for improved wear and corrosion resistance. Additionally, the
OsRuWCo system in this study was first inspired by separate work on refractory OsRu
coatings on W dispenser cathodes, where it was observed that interdiffusion of OsRu and
W eventually leads to formation of a ternary sigma phase and loss of electron emission
capability. One potential application for the HEA system in the current study (especially
CoOsRuWFe) is as a cathode coating for improved electron emission and/or phase
stability, i.e., resistance to formation of a sigma phase due to interdiffusion at the cathode
operating temperature.
In the context of this work, we define single phase as a homogeneous material
region where only one type of crystal structure is present. XRD and SEM results indicated
that the as-cast alloys have predominantly single-phase HCP structures. Compositionally
similar, but not identical, regions with HCP structure may coexist.
For the alloys studied here, the parameters δ, ΔHmix and Ω have values that are
consistent with solid solution formation criteria in the literature for five-component HEAs.
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Evaluation of these parameters in the context of observed microstructures for the
OsRuWCo-based alloys revealed threshold values that mark the transition from amorphous
to crystalline phases. Consistent trends and transition values were found for all calculated
parameters. However, the geometric contribution represented by δ contradicted trends
observed for other HEA systems. Indeed, an opposite trend was observed, where
crystallinity correlates with higher values of δ, while lower values of δ correlate with
amorphous phases. The dominant factors facilitating the amorphous to crystalline
transition are thermodynamic or electronic. The results of the current study shed new light
on the applicability of parameters used to predict phase stability in HEA systems.
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SIZE EFFECTS AND THE HALL-PETCH RELATIONSHIP IN THE
MN17FE22CO24NI24CU13 SYSTEM
6.1

Introduction
The science and engineering of materials is, to an extent, expressed in terms of

length scales and resultant interactions. In classical materials science, the concept of
microstructure is used to describe the arrangement of crystallites or grains and of the crystal
defects. Physical properties of materials are strongly influenced by the microstructure,
through presence or absence of defects and their interactions.
Microstructure of materials is usually controlled through processing steps intended
for a given outcome. For example, reducing the grain size can substantially increase the
strength of metals, hence a dominant strengthening mechanism (as well as ceramics). This
was first empirically demonstrated in the early 1950’s by Hall [98] and Petch [99] that the
increase in yield strength σy scaled inversely with grain size, D, according to the
relationship now known as the Hal-Petch(HP) relation given by:

σ=
σ o + K HP
y

1
D

(6.1)

where σo and KHP are material and/or processing dependent constants. The power law
scaling suggests that an unrealistic level of strengthening may be achieved. However,
subjection of the possibility resulted in an opposing relation in the nanometer scale. Break
down, or a reverse HP relation is observed[100]. Therefore, the relation is only valid for a
given bounds of grain size, where strengthening is observed with gran size ranging from
~10nm-1mm.
Over the past 60 years, numerous experimental studies support the empirically
derived HP relation and its predictive capabilities for metals and alloys. However, there is
no consensus on an accurate model describing the physical mechanism responsible for a
power law scaling. Derivations of dozens of relations that describe a HP type have been
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developed by incorporating a diverse set of theories. Several models based on crystal
plasticity and continuum mechanics agree with what is observed in the characterized
microstructure but are not verifiable in all cases. Consequently, the relationship is still
regarded as empirical, resulting in an ongoing interest in the topic, as discussed in most
recent reviews[101-104].
The discovery, concept, and inherent nature of HEAs introduce an unexplored
condition that has not yet been evaluated critically. To date, only handful publications exist
that have explored grain boundary strengthening for 3-5 component HEAs [105-111]. In
each case, the conventional FCC type CrMnFeCo-Ni-Alx systems are used, and substantial
strengthening effects are reported. The extent of strengthening exceeds published values
for FCC metals. Some interesting phenomena have been observed. As an example, Otto et
al. [105] evaluated the HP relation at temperatures ranging from 77K-1073K, which
resulted in extremely high values for σo and KHP at 77K and lower values as temperature
increased. Yoshida[106] subtracted Mn and Co from the same alloy (CrMnFeCoNi) and
found a much higher σo and a lower KHP value. However, the precise nature of the
increased strengthening contribution for HEAs is unknown. Some suggestions include
higher friction stress due to lattice distortion, influences from dislocation curvature, and
dislocation glide mode. These are all possible options; however, the physical interpretation
of each constant must be compatible with a model that accounts for such a contribution.
As a result, a critical assessment of HEAs based on various HP models is required.
This study is motivated by several gaps in the existing literature concerning the HP
– HEA relationship. One major deficiency is the absence of reports in the HEA literature
that investigate the phenomenon using adequate sampling [106, 109]. To reconcile this, the
HP relation is investigated for the non-equiatomic Mn17Fe22Co24Ni24Cu14 HEA with grain
sizes ranging ~8-100um. The fundamental question is whether HEAs display exceptional
strengthening due to size effects. And what model explains the observed strengthening
physically? To accomplish this, the work begins with a brief review of the HP relation and
the models describing the phenomena. From there on, physical interpretation of the
observed occurrence in HEAs are evaluated.
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6.2

Overview of Hall-Petch Models
In this section, models and theories to explain the HP relation are reviewed briefly.

Given the extensive amount of literature on the topic, only a historical perspective relevant
to the current work is considered. The central focus is placed towards physical meanings
behind σo and KHP constants and how they arise in each case. Derivations are not included,
which may be found in detailed reviews and evaluations in [101, 112-114] as well as in
material size effects in[8].
Figure 6-1 Sketch of a pile-up of dislocations near grain
boundaries.Taken from [117].
Initial physical interpretations of equation 6.1 were based on dislocation-pile up

against boundaries (Figure 6.1), proposed by Hall [98] and Petch [99].
The model originates from geometrical considerations and associated stress fields.
The assumption is that an applied stress τ creates n dislocation pile-ups of length, Lp
arrested at a grain boundary. This induces a stress concentration τ c near the boundary.
Yielding occurs when dislocations are emitted into adjacent grains. This is possible when
the sum of external stresses and the associated stress concentration, τ c reaches a critical
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value τ crs = nτ c . The strength then depends on the total pile up length, which is limited by
the grain size, D. In this case, the σo and KHP are described as the friction stress ( in tension)
and K HP ≈ m(τ crs µb)1/ 2 , where

µ and b are the shear modulus and the magnitude of the

burgers vector, and m is the Schmidt factor. Validity of the model was under question
when no dislocation pile-ups were found in iron. There were also concerns regarding the
square root dependence and the physical significance on how and why it is relevant.
Considerable experimental and theoretical evidence refutes this model. However, this is
still the most widely cited and “textbook” explanation. Issues regarding the square root
dependence led Li to propose the boundary source model [115]. In this case, boundary
ledges act as dislocation sources, which generate a forest dislocation density ρ ≈ ml / D ,
f

where

ml is number of ledges per unit length or the ledge density. This can then be

incorporated

in

the

Taylor

relation

for

work

hardening

resulting

in

1/2
σy =
σ o + (α M µ b ρ 1/ 2 ) =
α M µ bm1/ 2 D − 1/ 2 . In this case, K HP = α M µ bm , where α is

constant accounting for forest dislocation hardening and M is the Taylor factor. The σ o in
this case is interpreted as the strength of an annealed, dislocation free single crystal
material. While this scenario is supported by experiments for the initial yield stress, the
same HP type dependence is empirically found for the flow stress at increase plastic strain.
As a result, the constants have strain dependence, which fit well with.

σ=
(ε ) σ o (ε ) + K HP (ε ) D1/2

(6.2)

A new formulation based on this observation considered that the average glide
distance, L , of edge dislocations could be related to shear strain by γ = ρ b L and that the
glide distance is proportional to the grain size by some constant given by L = β D . This
then results in K HP = α M µ (ε b / β ) D . The constant, σ o (ε ) is the flow stress of a course
3/ 2

1/ 2

1/ 2

grained or single crystal material at a given strain.
type of hardening.
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α

is constant that accounts for a specific

Another prominent example of strain dependence was given by Ashby [116], who
made a formulation based on general observation rather than mechanism (Figure 6.2).

Figure 6-2 Illustration of the production of GNDs in a polycrystalline
metal. Taken from[117].

The bases of his model rely on two basic observations. One being the fact that there
is clear evidence that yield strength is dictated by grain size and dislocation density. Second
that individual grains will be subject to deformation incompatibilities due to differences in
activated slip systems in each grain. This suggests that a uniform plastic flow in the macro
scale will result in a non-uniform plastic flow in the micros scale. In such a case, the nonuniform plastic flow will result in void formation and overlap at the grain boundaries.
Given that void formation is not observed in the microscale, there must be a second set of
excess dislocations that form and compensate the incompatibility between boundaries. This
set of dislocations is termed as geometrically necessary dislocations (GNDs), which have
dimensions proportional to the grain size. Based on the observations, Ashby hypothesized
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that the total dislocation density consists of statistically stored dislocations (SS) which do
not depend on grain size and GNDs which do. From there, with the use of the Taylor
relations, the HP relation takes the form of

σy =
σ o + (α M µbρ 1/2 ) =
σ o + α M µb( ρ g + ρ s )1/2

(6.3)

where the total dislocation density is ρ=t ρ g + ρ s . For small strains such as during yielding,

CM ε / bD , where C is a geometric constant depending on grain
ρ g  ρ s and ρt ≈ ρ g =
shape and distribution. The above relationship between GNDs and grain size arises from a
simple argument. Considering a cubic grain of a material with sides of length D and
perimeter P=4D. Initial dislocation density has proportionality given by

δρ ∝ 1/ D 2

,

which arises from line length/unit volume or number of dislocations/unit area Therefore if
we consider a dislocation loop in a cubic grain of volume V=D3, the corresponding density
will be δρ = P / V . If an applied shear expands the loop through the whole grain, the area
swept will be A=D2 and the shear strain will be given by δγ = b ⋅ A / V where b is the
magnitude of the burgers vector. From here, the change in dislocation density with respect
to strain will take the form given by:

δρ P V
P
C
=
=
≈
δγ V bA bA bD

(6.4)

From here, the GND density as a function of average axial strain is given by the integrated
density rate and conversion through the Taylor factor:
Pγ P M ε C M ε
ρg = ≈
≈
bA

bA

bD

(6.5)

Equation 6.6 provides identical relation found in most literature. The constant C is usually
taken as ~ 1/4 with the assumption that grains are hexagonal or circular. The above
assumption is that GNDs are responsible for micro yielding and uniform flow concentrated
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around grain boundaries, and SS concentrated in the inner portion of the grain and
responsible for macro yielding and work hardening.
Introduction of GNDs and SS have been a major contribution to the field. Direct
evidence of dislocation density consisting of two parts was experimentally shown through
resistivity measurements as a function of plastic strain and grain size by[118], which
corroborates the initial hypothesis by Ashby.
Sufficient experimental evidence resulting in deviations of the HP relation,
especially changes in the exponent and changes of K HP as function of grain size prompted
Christman [119] to evaluated the form given by:

σ= σ o + β D n

(6.6)

where β , n and σ o are all constants determined from the best fit. He found that the
exponent varied from -1/4 to -1 and depends on the crystal structure (~1/3 for FCC and 1/2 ~1 for BCC materials) and the range of grain size evaluated. However, he did not
provide a physical interpretation. Several authors have also proposed exponents greater
than 0.5, the most notably demonstrated recently by [102, 104] and argue that the HP effect
is a general size effect due to confinement and dislocation curvature, which leads to n = − 1
. Ashby also suggested and exponent n = − 1 [120] arguing that during small strains, the
work hardening rate scales inversely with grain size.
6.3

Experimental
Difficulty associated with size effect evaluation primarily depends on sample

history and consistency. In the case of the HP relation, variation in grain size distribution
can have a significant influence on the yield strength that the variation in the average grain
size [121]. As pointed out by Okazaki and Conrad[122], the size distribution width strongly
depends on the initial deformation prior to recrystallization and less so on the annealing
time. For this reason, the amount of initial deformation is kept constant. To have
consistency in chemistry for all samples, a large ingot (48X 32 X 20 mm3) of the
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Mn17Fe21Co24Ni24Cu14 alloy weighing approximately ~ 200 g is prepared. A two-step
process is utilized for alloying:
1. The total amount of Mn is initially alloyed with Fe by arc melting under
pure Ar atmosphere. This step insures good solubility of Mn later; given
the effective solubility of Mn in Fe
2. The second step involves melting the remaining Co-Ni-Cu in union with
Fe-Mn in a tube furnace.
A high purity alumina boat with a shut lid is used as a crucible. Further, an identical
schedule and procedure for furnace melting described in section 3.2.1 is used. The cast
ingot is then machined flat on all sides and rolled to a thickness of 1.2 mm (Fig 6-3)

Figure 6-3 The ingot of the as cast Mn17Fe22Co24Ni24Cu14 alloy; (a), demonstration of the
cold rolled sheet (b) and (c) a strip cut from the sheet.
The final rolling reduction in terms of percentage CW is around 90%. The rolled
sheet was then cut into 10 strips ~ 0.375” wide and 4” long and machined into substandard
ASTM dog bones. Recrystallization and grain growth was achieved by utilizing a
programmable tube furnace with constant Ar gas flow to minimize oxidation. The heating
rate schedule is as follows; 5 oC/min to 500 oC and held for 1hr followed by a 20 oC/min
rate increase to a desired temperature. The temperatures of interest and dwell times are
given in Table 6-2.
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T(oC)
900
925
950
975
1000
1025
1075
1100
Dwell
60
90
90
90
90
90
90
120
(min)
After annealing, the dog bones were sand blasted to rid of any oxide formation. Both sides
were then carefully ground down to 800 grit final using SiC paper. The final resulting
thickness of ~1mm is reached. About ~2 mm long by 12mm wide rectangular pieces were
cut from one of the grips ends for microstructural evaluation.
Tensile tests were performed at strain rate of 10-3s-1 in an MTS 810 Servo Hydraulic
Testing System (ISO certified). Specimen dimensions were measured by micrometers
designated for accurate thickness and width measurements. Combination of the lowest
Table 6-1 Annealing temperatures and soak periods used for the
current grain growth study.
measured values within the gauge length is used for calculations. Metallographic
preparation for grain size analysis is performed in the manner described in section 3.4.
Chrome regia etchant in the 1HCL:CrO3: H2O ratio is used for this study. A 1-week aging
period was required, which is characterized by a color transition from maroon to green
Typical etch durations were ~1 hr. for large grain microstructures and 0.5hr for small grain
microstructures. Keyence VHX-6000 optical microscope was used for microstructural
analysis. Grain size evaluation was performed by MYPAR image analysis software.
Function fitting was performed through Origin Lab software.
6.4

Results and Discussion

6.4.1 Grain Size
Examples of microstructures developed in this work are shown in Fig. 6-4. The
color map provides contrast between grains captured for analysis. The analysis software
provides several options for microstructural quantification. Two methods are utilized
which are relative to this work. The first method estimates an average diameter based on
average (rotating) intercept lengths through the grain centroid. This method provides
values similar to mean linear intercept grain size, which is commonly used in literature.
The reason for using this method is regarding literature, a logical evaluation requires a
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Figure 6-4 Color mapped micrographs of the fully recrystallized microstructres after
annealing temperatures of (a-c); 900, 950,1000 oC at a 500X magnification and (d-f) 1025,
1050 and 1125 oC at 300X.
common basis. The second method takes into consideration that the mean intercept does
not provide grain size, but a fundamental size parameter, which is grain-boundary area per
unit volume. The concept with which GND formation is assumed is essentially a change in
grain boundary energy. The population of grain boundaries is inversely correlated with
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grain boundary energy, or boundary area per unit volume. In addition, in the simplest form,
the boundary energy may be assumed proportional to the minimum GNDs[123].
The analysis software allows translation of captured grain pixels into area and
perimeter. Since GNDs result from a strain gradient over a length scale, the generation rate
is proportional to the ratio of grain perimeter/area, which is also proportional to 1/D. The
option provided by MYPAR allows direct measurement of P/A, hence grain shape and
geometry are included in the metric.
It can be seen in Fig.6-4 that the available size for evaluation is broad, with average
“size” ranging from 7 µm to ~ 130 µm. However, as mentioned previously, grain size
distribution can have a significant effect on the observed physical properties. It is therefore
necessary to consider size based on distribution rather than a simple average of all
measured values. Accurate determination of distribution shape is also of importance and

Figure 6-5 Size distributions and lognormal fits from two measurment methods;
a) and b) result from recrystallization at 1100 oC for 1.5 hours, c) and d) result
from recrystallization at 900 oC for 1 hour.
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requires large sampling. For this reason, several hundred grains are measured for each
sample. Example distributions for the largest and smallest grains are shown in Fig 6-5.
Both measurement methods are evaluated based on distribution.
The distribution shape differs between the two annealing temperatures, as shown
in Fig. 6-5. Large grain specimens have a significantly wider distribution based on the
mean intercept, whereas small grain specimens have a much narrower distribution. This is
expected since longer annealing times at elevated temperatures induce higher rates of grain
growth. In this case, preferred growth orientations may dominate over others and result in
a wider distribution. In contrast, distribution based on P/A gives a sharper distribution peak,
but a greater range. This is expected since P/A will approach 0 for larger grains and result
in a sharp contrast between small and large grains. Generally, grain size distribution for
well-recrystallized metals follows a lognormal type of distribution. For this purpose, log
normal fitting is utilized for determining values of interest such as mean grain size. Results
from are summarized in Fig. 6-6.
a)

b)

Figure 6-6 Summary of evaluated grain size as a function of annealing temperature based
on a) mean intercepts and b) P/A ratios.

6.4.2 Strength Evaluation
The HP relation applies to a variety strength measurement method where size
effects become apparent. As summarized in Fig. 6-6, a suitable range in grain size is
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available, which should couple with observed increase in strength. Successful tensile tests
are shown in Fig 6-7 with respect to engineering stress-strain and true stress-strain.

a

b

Figure 6-7 Stress-strain plots from tensile tests showing a clear trend between
decrease in grain size and increase in strength; a) engineering stress and strain
and b) true stress and strain.
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A clearly observable strengthening trend with respect to decreasing grain size is
achieved, from which offset flow stress values are summarized in Table 6-3.
Table 6-2 Flow stress values for each grain size taken at offset strains of 0.2,0.5,2,5 and
10%
Mean
intercept/(µm)
117.7
90.8
74.5
57.4
55.9
29.0
22.0
16.2
8.1

σ
(MPa)
277.6
286.9
289.7
316.3
299.5
328.2
335.7
363.5
459.5

(0.2%)

σ (0.5%) (MPa) σ (2%) (MPa) σ (5%) (MPa)
306.8
316.0
322.3
345.3
333.4
361.4
372.0
394.9
490.3

371.3
378.4
391.7
397.2
403.2
429.6
432.8
456.3
549.9

438.9
445.8
459.1
461.6
476.0
504.2
514.0
532.6
627.1

σ
(MPa)
536.8
548.5
560.3
559.8
580.3
611.9
631.2
640.8
735.4

(10%)

Nevertheless, for critical analysis, effects due to size distribution and texture must
remain comparable between all specimens. Generally, textural effects may contribute to
yield softening or hardening, ductility, elastic modulus. Such changes are usually apparent
as variations in the general shape of the stress strain curve, predominantly the slope of the
flow stress-strain curve. The above tensile curves do exhibit an average similarity in the
stress-strain response, which is a good indication that the deformation mechanisms are
constant between each specimen. However, there is some overlap at higher and lower
strains for two of the specimens, which are shown in more detail in Fig. 6-8.
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Figure 6-8 Trues Stress vs True Strain plots where curves in red exhibiting abnormal
behavior. Curve associated with 57.4 µm yields at a higher stress but does not retain the
same flow slope. Curve associated with 22.02 µm yields similarly but exhibits a change in
the flow behavior at higher strains.
One way to quantitatively evaluate the observed stress-strain abnormality is
through mathematical relations. The flow behavior of a material may be represented by the
Holloman equation given by:

σ t = K ε tn
where

σt

and

εt

are the true flow strain and stress respectively, K and

(6.7)

n are the “strength

index” and the hardening exponent, respectively. The strength index depends on the shear
modulus and processing history of the material, while the hardening exponent can be
evaluated as a unique material property that defines the deformation character.
Unfortunately, the Holloman equation does not successfully describe the full flow behavior
in the current study. It is only valid above 3 or 4% strain where a common exponent of
0.34 is found. The flow curves closer resemble bi-linear hardening or a function with a
logarithmic component less than 1. A suitable relation is given by the Ludwick’s equation:
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σ=t σ o + K ε tn
here,

σo

(6.8)

may be evaluated as the yield stress, or the stress at which transition to flow

begins. The remaining constants can be evaluated similarly as in the Holloman equation.
Fitting of all curves based on Eq. 6.8 resulted in a common exponent, n=0.67-0.69 and
slope in the range 550-650 MPa. The intercept values on average for all curves, resulted in
± 5MPa with respect to values in table 5-3 for 0.2% offset. The only deviation is apparent

in the 57µm sample, which resulted in an intercept value of 296 MPa compare to 316 MPa
taken at 0.2% offset. This makes sense given that at 0.2% offset, 55.9 µm is at a lower flow
stress than the 57 µm sample, but the reverse is expected. This suggests that initial yielding

portion of the 57 µm sample is more sudden and uniform compare to the 55.9 µm sample
but follows the same deformation path. Such discrepancy could be due to differences in
size distribution or on the initial condition of the sample. The latter is more probable, given
that size distribution did not reveal significant variation. A pre strained sample will exhibit
a sharper yield peak that follows the previous deformation path. Given that all samples
were annealed, the only possibility of introducing strain is from sample loading. The
hydraulic grips exert a compressive force in the axial direction during clamping. One
disadvantage in using substandard samples is that the gauge section is short, and the force
exerted during clamping will result in a lower radius of curvature, hence non-elastic strain.
For the 22 µm sample, the above evaluation is inconclusive, and the abnormality
cannot be explained. For this reason, a different approach is used that utilizes a simplified
form of the Voce equation, which may be written as

(

σ=
Κ 1− m e − nε
t

)

Here, variation in n and m lead the flow stress to approach an asymptotic stress: σ t

(6.9)

=Κ .

The coefficient m defines the state of hardening and n defines the rate at which the curve
reaches the asymptote. For a fully hardened state, m=0 and σ t = Κ . So, if all the
deformation paths lead to the same point for each grain size, then they should all reach a
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similar value, σ t = Κ . Likewise, larger grain samples should correlate with a higher value
of m and lower values of n and contrasting values for smaller grain samples. Fitting of eq.
6.9 of the curves is performed between 2% offset strain to max stress, which ensures a
range in uniform plastic flow. Fitting constants for the curves in Fig.6-9 are presenting in
Table6-4.
Table 6-3 Fitting constants from the Voce equation with respect to selected grain size
Mean
(µm)

intercept

K(MPa)

m

16.2
1135.4
0.65
22.0
1130.1
0.67
57.4
1120.7
0.68
55.9
1137.8
0.70
As expected, K is in the same order and range for all grain sizes;

n
4.0
4.4
3.6
3.1
hence, we can

conclude that in each case, the deformation path tends towards the same value. Since the
deformation path is the same, the limiting components would be m and n. The above trend
for m is consistent, but inconsistent for n given that n is larger for the 22 µm. sample. Since
the parameter n dictates the rapidity with which the asymptotic value is reached, it implies
that the sample with grain size of 22 µm saturates in stress more rapidly compare to other
samples. If we assume that the path is not violated, premature saturation could be due to
defects other than grain boundaries. One possibility is higher concentration of oxide
precipitates in the sample, or micro cracks introduced during processing. Oxide precipitates
were observed in the initial bulk sample, and so were cracks. However, portion of the
surface exhibiting cracks was machined away for this reason. Premature stress saturation
in this case is most likely due to oxides present in the sample. This may also be supported
by the presence of serration near the saturated level.
6.5

Fitting and Evaluation
The results described in section 6.4 demonstrate a strengthening trend with respect

to decrease in grain size. Correct use of the results depends on the validity of each curve.
Evaluation of the curves revealed that the only two samples behave abnormally. One being
that of grain size 57 µm, and the other of grain size 22 µm. Curve for the 57 µm micron
sample are not valid since the evaluation concluded that the initial state of the sample is
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not comparable. Curves for the 22 µm sample exhibit early saturation, most probably due
to higher content of oxides. In this case, the early portion of the curve is valid since
deviation does not evolve in the regions of interest.
Fitting of Eq 6-1 for two different offset strains are shown in Fig. 6-9 with the
relevant fitting parameters summarized in Table 6-4. Two metrics defining the

Figure 6-9 Least square fits of flow stress at 0.2 and 0.5% offset strains with respect to
grain size measured by two methods.
characteristic size are considered. One based on the average grain diameter (D) and the
perimeter over area ratio (P/A).
Table 6-4 Fitting constants from fits shown in Fig. 6-9
Parameters

ε

[%]

σ o (ε ) [MPa]
K (ε ) [MPa µ m1/2 ]
n = 0.5

Adj. R-Square

0.2%
210.4±9.6

1

D
0.5%
241±9.2

666.2±48.7
0.5
0.964

(ε ) σ o (ε ) + K (ε ) 
σ
=

n

P

 A

=
σ
(ε ) σ o (ε ) + K (ε ) 

n

0.2%
200.8±8.1

0.5%
231.8±5.9

670.6±41.1

371.8±19.3

373.0±15.5

0.5
0.973

0.5
0.983

0.5
0.991

Considering the classical HP model, offset strain of 0.2 % and average diameter as
the size metric, HP slope is found within the range KHP =666.2±48.7 MPa µm1/2. The value
is significantly lower, KHP =371.8±19.3 µm1/2, when the metric P/A is used to define size,
but results in lower bounds of error and a better fit overall. The difference can be explained
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by the constant C in Eq. 6.6, which accounts for grain shape and relates the average grain
diameter to a fundamental size parameter when the GND model is considered. Contrary to
KHP, the intercept value, σo, can be assumed constant between the two cases implying that
it is independent of the size metric and a unique material constant. Fits evaluated using
0.5% offset strain show a similar trend, a notable strain dependence in σo, and a minor
increase in KHP. This shows that the method used for defining yield strength can have a
significant impact on the evaluated constants in a similar manner on how the characteristic
size is defined. The P/A metric results in better overall fits and smaller bounds of error, but
evaluating KHP, is problematic due to lack of literature available for comparison. As a

210 + 666 D .
result, the HP relation for the alloy in this work takes the form of σ=
y
Table 6-5 summarizes values published in the literature for HEAs, pure elements,
and other alloys that are relevant to the HP effect.
Table 6-5 Summary of results from Hall-Petch studies on HEAs and other pure metals and
alloys.
Alloy/Element

σo

1/2
µ ⋅ b1/ 2 µ∙b

K HP

Crystal
Struc.

Ref.

FCC

Current

MPa

MPa µm1/2

Mn17Fe21Co24Ni24Cu14

210

664

0.5

MPa
µm1/2
1238

Al 0.1 CoCrFeNi
Al 0.3 CoCrFeNi

83
149

464
1014

0.3*
0.7*

1340*
1340*

FCC
FCC

[110]
[124]

CoCrFeMnNi

194,
125

490,
494

0.4

1340

FCC

[105, 109]

CoCrFeNi
Al 0.3 CoFeNi
AISI 301LN
CoFeNi
CoCrNi
Ni
Al
Cu
Au
Ti
Co
Mg
Zr
HfNbTaZrTi
Nb

156
151
252
157
218
80
4.0
40
150
250
260
70
240
942
120

684
1244
290
541
265
230
90
110
100
190
140
90
280
270
340

0.5*
0.9*
0.2
0.4*
0.2
0.2
0.2
0.1
0.2
0.3
0.4
0.9
1.3
0.5

1340*
1340*
1220
1340*
1332
1200
440
770
500
640
380
100
210
630

FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
FCC
HCP
HCP
HCP
HCP
BCC
BCC

[124]
[124]
[125]
[124]
[106]
[101, 126]
[101, 126]
[101, 126]
[101, 126]
[101, 126]
[101, 126]
[101, 126]
[101, 126]
[127]
[101, 126]
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KHP

Table 6-5 Continued
Cr
Fe
V

320
130
150

800
310
380

0.4
0.2
0.5

1820
1290
760

BCC
BCC
BCC

[101, 126]
[101, 126]
[101, 126]

Note: Values including “*” are estimated assuming that the magnitude of µ∙b1/2 is
comparable to that of CoCrFeMnNi as no literature values were available.

Comparing the values of KHP, and σo, the newly developed alloy in this work
exhibits higher values compared to the list of FCC metals, the equiatomic Cantor alloy,
and the ternary precursors. Compared to the Al 0.3CoCrFeNi and Al0.3CoFeNi systems, the
KHP value is significantly lower but comparable to the CoCrFeNi system, while exhibiting
higher σo value overall within the set.
The models based on square root dependence described in section 6-2 treat KHP and

σo separately, where the physical interpretation associated with grain size strengthening is
assumed to be encoded in KHP, while σo is to account for all other strengthening effects
unrelated to grain size. Based on Table 6-5, trends in experimental and material constants
1/2

shows that K HP ∝ µ b , suggesting that KHP is related to the shear modulus and the burgers
vector, which are pre-factors in most models describing the phenomena. From here, it can
be assumed that K HP = β µ b , where β is material or model dependent constant accounting
1/ 2

for the dislocation hardening mechanism (α), shape factors and the Taylor orientation
factor (M). The values KHP /µ∙b1/2 given in Table 6-5 correspond to β, and evaluation shows
structural dependance for pure metals with values ~0.2 for FCC, ~0.4 for BCC, and ~0.9
for HCP structures. Extending the evaluation to include FCC HEAs/MPEAs, β ranges from
0.2-0.9 and the structural trend only applies to CoCrNi, which has the lowest KHP value
within the set. Considering that the listed HEAs/MPEAs have comparable material
constant, variations in β and in turn KHP must result from factors influencing work
hardening mechanisms. To this effect, it obvious that such factors must arise from the
alloying constituents rather than the number of elements present. What is notably
significant here is the increase in KHP from 464 to 1014 as the Al content varies 0.1 to 0.3
moles in the Alx CoCrFeNi system and a further increase as Cr is excluded. For the BCC
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HEA, HfNbTaZrTi strengthening trend is arising from KHP is not evident, but the alloy
exhibits an unusually higher σo.
To understand what may possibly explain such drastic variations in KHP, the GND
model is considered. Based on this model, the generation of GNDs is proportional to the
ratio of grain surface area/grain volume, which is also proportional to the grain boundary
energy. Based on this relationship, changes in grain boundary energy of the material should
directly affect energies required for generating GNDs, and in turn changes in KHP. For pure
metals, the average grain boundary energy varies as a function of crystal structure and grain
orientation. Another mechanism by which the average grain boundary may energy varies
is through the formation of grain boundary complexions. In this case, preferential
segregation of impurities or alloying constituents near or at the grain boundaries can result
in an increase or decrease of the materials grain boundary energy. The associated effect on
KHP has been observed for ferritic steels in which addition of C in amounts up to 60ppm
causes in preferential segregation near grain boundaries, resulting in a near twofold
increase in KHP [128]. In another instance, impurity segregation of phosphorous at grain
boundaries is found to decrease KHP [129]. Preferential segregation near grain boundaries,
along with nano clustering has been observed in HEAs [124, 130-132]. Furthermore,
addition of B or C to NbMoTaW HEA was found to have ductilizing effect by a postulated
mechanism where grain boundary segregation of B or C preferentially replace oxygen
contaminants at the boundary[132]. Based on this viewpoint and the available evidence, it
can be suggested that the observed variation of KHP for HEAs/MPEAs is a consequence of
grain boundary chemistry, which may result in significant grain boundary strengthening or
weakening. The claim that FCC HEAs or MPEAs exhibit higher KHP values compared to
pure FCC metals can be corroborated based on the above analysis. However, strengthening
due to grain size reduction may not be intrinsic to HEAs or attributed to the number of
alloying elements. In other words, strengthening is determined by the type of element
matters and higher strength effects can be obtained in combination of fewer elements with
the optimal combination such as the case for the Al 0.3 CoFeNi alloy.
Regarding the σo there is no exceptional increase for FCC HEAs/MPEAs compared
to pure metals and alloys, but a significant increase for the BCC HfNbTaZrTi system.
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Yoshida et al.[106] interpreted σo as the friction stress and alluded that it was abnormally
large for the CoCrNi system. Their argument was the value originates from the PeierlsNabarro stress which commonly referred to as the friction stress, τ PN = µ e

a is

=
w a /1 −ν ,

the interplanar spacing and

ν

− 2π w / b

, where

is Poisson’s ratio. In general,

experimental studies have shown that σo can be represented by the sum given by:
n

σ o ==
∑ σ i σ PN + σ solid −solution + σ preciptation + σ dislocation 

(6.10)

i

where the value subscript refers to additional strengthening mechanism such as
Peierls-Nabarro (PN) stresses. The Peierls-Nabarro stress is considered temperature
dependent and negligible for FCC metals, but considerable for BCC metals. This is because
it depends on the crystal structure, bonding, interplanar spacing, and the available slip
systems which are temperature sensitive for BCC metals. For there to be a significant
contribution, there would have to be some covalent character to bonding that will reduce
the interplanar spacing. Therefore, the assessment and interpretation presented in [106] is
incomplete. The most plausible explanation is solid solution strengthening as seen in AISI
301LN, which are FCC austenitic steels. Comparison of the values presented above also
show that AISI 301LN is superior to CoCrNi and nothing exceptional can be assessed.
However, the strengthening reported for BCC HfNbTaZrTi may be consequence of PN
stresses or may be due to the severe lattice distortion effect that is more commonly
observed for BCC HEAs rather than FCC HEAs[133]
For a more thorough evaluation, results are also fitted utilizing Eq 6-4 in a similar
manner described by:
n

P
1
σ o (ε ) + K (ε )  
 or σ (ε ) =
 A
D

σ (ε ) =
σ o (ε ) + K (ε ) 
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n

(6.11)

Fits based on Eq. 6.11, in addition to fits based on Eq. 6.1 are shown in Fig. 6-10

Figure 6-10 Least square fits of flow stress at 0.2 and 0.5% offset strains with respect to
grain size measured by two methods. Solid lines correspond to fits where σ  D n and
dashed lines correspond to fits where σ  D .
and corresponding fitting parameters summarized in Table 6-6.

Table 6-6 Fitting constants from fits shown in Fig. 6-10
Parameters

1
(ε ) σ o (ε ) + K (ε )  
=
σ
D

ε

0.2%
210.4±9.6

n

P
=
(ε ) σ o (ε ) + K (ε )  
σ
 A

n

0.5%
241±9.2

0.2%
200.8±8.1

0.5%
231.8±5.9

670.6±41.1

371.8±19.3

373.0±15.5

0.5
0.973
293.09±6.5

0.5
0.983
251.3±7.03

0.5
0.991
276.5±9.8

K (ε ) [MPa µ m1/n ] 1446.6±197 1236.4±180.1 392.4±13.4

385.0±8.0

[%]

σ o (ε ) [MPa]

K (ε ) [MPa µ m1/2 ] 666.2±48.7

n = 0.5

Adj. R-Square

σ o (ε ) [MPa]

0.5
0.964
267.6±4.6

n=x

0.96±0.07
0.88±0.07
0.80±0.07
0.75±0.04
Adj. R-Square
0.996
0.994
0.997
0.998
There are significant variations between the models considered for fitting and the
metric used to define grain size. Fitting based on the model described in Eq. 6-13 have a
higher Adj. R-Square values, suggesting that the model provides a better empirical
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description for the strengthening behavior of the alloy. There are also notable differences
in the exponent, n, based on the metric used for defining grain size and the offset strain
used for evaluating strength. Both metrics exhibit a similar trend, where the exponent
decreases when a higher offset strain is used to evaluate strength. Concerning the metrics,
use of the average diameter results in higher exponent, which is near unity ~1 at 0.2 % flow
stress vs ~0.8 when the P/A metric is considered. The difference may indicate that the
relationship between 1/D and P/A is nonlinear. This demonstrates that evaluating the
exponent requires caution and consideration.
In relation to other metals and alloys, Table 6-7 summarizes best fit values of n
taken from comprehensive reviews regarding size effects for pure metals and alloys [101,
104, 115, 134].
Table 6-7 Fitting parameter n, compared to crystal structure of metals and alloys.
Metal/Alloy
Crystal structure
n
Ref.
Mn17Fe21Co24Ni24Cu14
Ni
Cu
CuZn
CuZn70/30
CuZn68/32
Zn
Mg
Ti
W
Cr
Fe
Nano-Fe

FCC
FCC
FCC
FCC
FCC
FCC
HCP
HCP
HCP
BCC
BCC
BCC
BCC

0.96 ± 0.07
0.39
0.20 ± 0.5
0.37 ± 0.08
0.52 ± 0.1
0.75 ± 0.14
0.19
0.21
0.50 ± 0.04
0.99 ± 0.25
0.60 ± 0.05
0.68 ± 0.2
0.78 ± 0.08

Current
[101, 126]
[134]
[134]
[134]
[134]
[101, 126]
[101, 126]
[134]
[134]
[134]
[134]
[134]

There is a claim that generally, BCC metals exhibit a higher exponent compare to
FCC and HCP metals. According to the values provided in Table 6-7, n, ranges 0.2-1 with
an average value of ~0.5, which supports the inverse square root Hall-Petch scaling
applicable for most metals and alloys. There is however a clear systematic difference
between crystal structures and alloying. For BCC metals, n ranges from 0.6-1 vs 0.2-0.5
for FCC and HCP metals and systematic increase to 0.75 for the CuZn alloys. The alloy
developed in this work results in n=0.96 ± 0.07, which is near the upper bound for BCC
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metals and similar to W. In this regard, it can be concluded that the alloy developed in this
work exhibits strengthening similar to that of BCC metals. However, for broader evaluation
regarding HEAs, supporting literature is not available. Additionally, available literature
has not clarified a theoretical basis relating an exponent other than 0.5 or 1.
One of the arguments exploring varying exponents stems from the GND concept,
where ρ=t ρ g + ρ s is assumed to be additive, hence no interaction. Ashby did however point
out that they do influence each other, but an insignificant amount at low strains. It was later
proposed by Hutchinson and Fleck [135], that the interaction could be represented as a
harmonic sum given by:
ρ m t = ρ m g + ρ m s → ρt =

(ρ

m

g

+ ρ ms

)

1/ m

(6.12)

then change in yield strength as a function of dislocation density can be given as:
1

σy =
σ o + α M µ b( ρ g m + ρ s m ) 2 m =
σ o + α M µ b ( ρt n )

(6.13)

In this case, m will dictate the strength of the interaction, where lower values will
result in a higher n. Based on this concept; it would suggest that at lower strains, there is a
stronger interaction or dominance of GNDs, which diminish at higher strains as the
dislocation density increases. The concept behind Eq 6.13 is often used in crystal plasticity
modeling and similar results based on simulations were found for Cu in [136]. In this case,
n was found to be close to 0.8 compare to 0.2 from experiments. Then again, a higher value
for Cu in a comparative sense does not elucidate structure/property relations. It could be
the case that there is no relation between the exponent and strength or there is universality
at lower strains that diminish with a rate depending on structure/property relations. It was
however shown that n changes based on initial conditions, high initial statistical density
results in lower values and vice versa. This shows that minor changes in material response
can significantly change the apparent parameters, which could explain some of the
differences in Table 6-7. For example, W is brittle and has n value of ~1, while a softer
metal, Cu has a value less than 0.5. Since it is “easiest” to introduce damage in softer
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metals, sensitivity to processing history will be amplified. Additionally, the exponent may
vary based on the metric used to define grain size and the measure defining strength. The
latter may be significant given that metals can exhibit different yielding behavior, some
with a well-defined point, others without well-defined points requiring a specified offset
strain and may not represent the same phenomena.
Explanation of the observed phenomena in the current work may be described
through GNDs, but the concept does not provide a universal reasoning for changes in the
exponent. It should also be noted that defining or quantifying a GND is difficult. It is
ultimately a strain gradient over a length scale, and not necessarily a measurable quantity
in an experimental sense. The plastic strain gradient arises from the mismatch at the
boundaries, which subsequently results in their formation. There is no way to distinguish
between a GND and an SSD in a collective manner. There are only suggestions of how
they could be distinguished. The first such distinction between GNDs and SSD is
experimentally suggested by Hughes[137], where a detailed evaluation of deformed
microstructure led him to define incidental dislocation boundaries (IDB) and GNDs. IDBs
are essentially dislocation cells which are formed by SSDs, and GNDs accumulate at the
boundaries and are responsible for compatibility. The distinction is made by the
misorientation angle, where IDBs misorientation angle is much lower than for GNDs. In
other words, the quantity is an angle, it could be evaluated based on a probability
distribution, but cannot be quantified in a practical way to be incorporated in the empirical
models describing the Hall-Petch phenomena.
6.6

Summary and conclusion
In summary, strengthening due to grain size reduction is evaluated on the newly

developed non-equiatomic Mn17Fe21Co24Ni24Cu14 HEA to understand mechanisms
governing structure-composition-property relations relevant to HEAs. The study addresses
a significant challenge in HEA research in which available sample size in laboratory
settings hinders mechanical testing and evaluation of HEAs in tension. This is overcome
by developing a furnace casting method that produces ingots large enough to produce
multiple tensile specimens. Cold rolling of the cast ingot and subsequent annealing at
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temperatures ranging from 900 to1100 oC produced microstructures with grain size ranging
from ~8 to ~120 um. The alloy exhibits excellent strengthening tendencies with yield stress
increasing from 290 to 460MPa as the grain size is reduced. The grain size strengthening

210 + 666 D . However, a
based on the classical square root scaling takes the form σ=
y
better

empirical

description

for

the

alloy

was

found

to

take

the

form

=
σ y 268 + 1447 D − 0.96 . The coefficients KHP, and σo are found to be higher compared to
the equiatomic Cantor alloy, its precursors and FCC metals. Furthermore, the scaling
exponent is found to be near unity and resembles strengthening behavior comparable to
BCC materials.
The strengthening phenomena and the physical interpretation of the observed
occurrence in HEAs is evaluated by incorporating concepts associated with GNDs. This is
justified on the condition that experimental and theoretical evidence of GNDs and their
contribution to strengthening best explains the Hall-Petch relation. Based on these
concepts, observable trends and available evidence it can be concluded that the observed
strengthening based on the KHP coefficient for HEAs/MPEAs results from variations in
grain boundary chemistry, such as nano clustering, short range ordering and may contribute
to significant grain boundary strengthening or weakening and alter deformation
mechanisms near grain boundaries. Based on this evaluation, it is also concluded that
strengthening due to grain size reduction may not be an intrinsic HEA attribute. Instead, it
is determined by the type of alloying elements and combinations. However, the multi
element concept can facilitate grain boundary engineering, with potential in developing
alloys with exceptional strength.
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SUMMARY AND CONCLUSIONS
The primary objective of this work was to develop and evaluate HEAs with unique
compositions which may provide a basis for fundamental understanding. Collectively, the
findings in this work address multiple scopes in HEA development including discovery,
methodology and evaluation.
Chapter 4
•

The work presented in Chapter 4 investigates the association between thermal
history and the resultant microstructures for the MnCrFeCoNiCu system. Through
detailed experimental analysis it was found that the system decomposes into a
primary FCC phase resembling the Cantor alloy and secondary FCC solid solution
phase enriched with Cu when prepared by arc casting. The primary and secondary
FCC phases remain compositionally partitioned after high temperature annealing
with no tendency towards homogenization. However, significant morphological
evolution takes place resulting in the formation of a “lava-lamp” morphology that
is characteristic of immiscible alloys. To this effect, it is postulated that the system
forms a duplex microstructure owing to a monotectic reaction.

•

The work further introduces a method applicable to HEA development where
controlled processing conditions decide the most probable and stable composition.
The method is motivated by the fact that non equilibrium methods may generate
non-equilibrium alloys and compositional partitioning. The method is utilized to
cool an ingot of MnCrFeCoNiCu system from the melt in period of near 3 days.
The resulting microstructure significantly changes with declination of Cr from a
solid solution mixture into a Cr-rich intermetallic. Furthermore, the matrix of the
microstructure forms a primary dendritic phase with compositions within the
MnFeCoNiCu system.

•

Through evaluation and optimization of the primary dendritic phase, a unique nonequiatomic alloy, Mn17Fe21Co24Ni24Cu14 is derived. The combination and
concentration of the constituents is unique and results in a mixing enthalpy of 0.49
KJ/mol, which resembles a regular solution.
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•

The Mn17Fe21Co24Ni24Cu14 alloy solidifies and recrystallizes into single phase FCC
phase. This unique non-equiatomic alloy can be utilized for fundamental studies by
evaluating the equiatomic counterpart and emphasizing concepts related to
composition-microstructure-property relations. It has the advantage of not have
sigma phase forming constituents.

•

Together, the results emphasize the importance of enthalpic contribution within the
scope of HEAs. Firstly, it demonstrates that even at high temperatures, a large
mixing entropy does not always facilitate mixing of the constituents. This is
demonstrated by the duplex structure that remains partitioned after high
temperature annealing. Furthermore, the results demonstrate how the variation in
cooling rate from the melt may significantly change the observed outcome and the
phases observed. Which questions the reliability of evaluations presented in
literature. The method developed in this work is readily applicable for evaluating
other systems and further experiments utilizing this method may potentially
elucidate factors related to HEA development.

Chapter 5
•

The work presented in Chapter 5 utilizes a thin film combinatorial method to
identify viable compositions exhibiting HCP structures. The method successfully
identifies HEA systems within a compositional gradient of OsRuWCo where HCP
structures as well as amorphous phases observed.

•

The evolution from amorphous to crystalline phases as a function of composition
is evaluated for the OsRuWCo system by considering the δ, ΔHmix, Ω and VEC
parameters. The evaluation revealed threshold values that mark the transition from
amorphous to crystalline and it was concluded that the most dominant factors
facilitating the transition are electronic and thermodynamic.

•

The OsRuWCo system is utilized and two additional systems exhibiting HCP
structures are discovered. These systems are Co30.5Os14.4Ru18.7W12.1Ir24.4 and
Co30.5Os14.4Ru18.7W12.1Fe24.4 . The alloys were found to be extremely hard, based on
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nanoindentation, with additional hardening due to solid solution alloying by Ir or
Fe.
•

Taken together the results provide additional systems with HCP structures to the
limited number of HCP- HEAs available to the community. Furthermore, the
results provide a large compositional space, where HEA systems with potential
HCP structures are probable.

Chapter 6
•

Work presented in Chapter 6 evaluates strengthening due to grain size reduction for
the new developed Mn17Fe21Co24Ni24Cu14.

•

The study addresses a significant challenge in HEA research in which available
sample size in laboratory settings hinders mechanical testing and evaluation of
HEAs in tension. This is overcome by developing a furnace casting method that
produces ingots large enough to produce multiple tensile specimens.

•

The alloy exhibits excellent strengthening tendencies with yield stress increase

210 + 666 D and the form
based on square root scaling taking the from σ=
y

=
σ y 268 + 1447 D − 0 . 9 6 with an unconstrained scaling exponent.
•

The coefficients KHP, and σo are found to be higher compared to the equiatomic
Cantor alloy, its precursors and FCC metals. Furthermore, the scaling exponent is
found to be near unity and resembles strengthening behavior comparable to BCC
materials

•

The strengthening phenomena and the physical interpretation of the observed
occurrence in HEAs is evaluated by incorporating concepts associated with GNDs.
Based on these concepts, observable trends and available evidence it is concluded
that the observed strengthening based on the KHP coefficient for HEAs/MPEAs
results from variations in grain boundary chemistry, such as nano clustering, short
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range ordering which may contribute to significant grain boundary strengthening
or weakening and may alter deformation mechanisms near grain boundaries.
•

Based on this evaluation, it is also concluded that strengthening due to grain size
reduction may not be an intrinsic HEA attribute. Instead, determined by the type of
alloying elements and combinations.

•

Taken together, the work provides supportive results and analysis which adds to
the handful of reports in HEA literature that thoroughly investigate the Hall-Petch
relation.
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RECOMMENDATIONS FOR FUTURE WORK

Development of heterostructured HEAs using the CrMnFeCoNiCu system:
Heterostructured materials are those that have significant strength heterogeneity
from one domain region to the next. This strength heterogeneity can be generated by
microstructural heterogeneity, crystal structure heterogeneity, or compositional variability
[138]. Domain sizes can range from micrometers to millimeters, and domain shape can
change to generate a wide diversity of material systems. Such materials are known to poses
superior combination of strength and ductility, that is not often possible in the
homogeneous counterpart. In this work it was found that the CrMnFeCoNiCu system
solidifies into a duplex microstructure. The microstructure further evolves into a “Lava
lamp” morphology after annealing without significant chemical variation. This observation
demonstrates the potential microstructural requirements for developing heterostructured
materials. It would be interesting to further investigate the relationship between annealing
temperatures, resulting microstructures and mechanical properties in tension.
Characterization and evaluation of Cr-rich intermetallic phases:
Numerous attempts were made to characterize the large crystallites that formed as
a result of slow cooling. However, a structure that could account for all peaks could not be
determined. What was interesting here is the presence of low angle peaks, which correlate
with structures with large unit cells. A multicomponent intermetallic with a large structure
is characteristic of complex intermetallics or complex metallic alloys [139]. Such alloys
may have novel electrical, magnetic, thermal, and thermoelectric properties, attracting
significant attention and potential applications. It would be beneficial to completely
characterize the structure, space group, and atomic coordinates of the Cr-rich intermetallic
phase. Furthermore, it would be interesting to make the alloy in bulk using the
compositional ratios found in this work. If the system does form an intermetallic in bulk,
the alloy may be evaluated for potential novel properties.
Further development of equilibrium solidification methods:
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The use of a crucible containing the alloy melt is one of the drawbacks of the slow
cooling approach proposed in this work. The crucible may act as a nucleating agent,
preventing the homogeneous nucleation necessary for investigating near-equilibrium
solidification. In addition, the crucible may contaminate the melt. The method can be
further optimized by implementing conditions that minimize crucible contact. This can be
achieved by designing the experiment where the alloy melt is in the form of a large droplet.
In this case, the crucible design will include an inner chamber containing a substrate that
does not wet the melt, such as sapphire and the melting and solidification processes taking
place directly on the substrate in form of a droplet.
Evaluation of Mn17Fe21Co24Ni24Cu14 with respect to the equiatomic MnFeCoNiCu
system:
The discovery of the non-equiatomic Mn17Fe21Co24Ni24Cu14 system provides a
solid frame work in relation to composition, microstructure and properties. It should be
noted here that most non equiatomic HEAs in literature on depart from the equiatomic
counterpart with variations in one or two of the constituent elements. Thus,
Mn17Fe21Co24Ni24Cu14 is unique given that most constituents depart from the equiatomic
ratios. Various comparative experiments can be designed to investigate how microstructure
and properties differ from the equiatomic counterpart or a non-equiatomic counterpart
where one or two constituents are varied. It would be interesting to investigate grain growth
kinetics, size effects, thermal stability, dislocation behavior and alloy thermodynamics.
Results from these studies can then be used to broaden the understanding of HEAs.
Development of Type 2 HEAs by utilizing the Mn17Fe21Co24Ni24Cu14 system:
Preliminary evaluation of the Mn17Fe21Co24Ni24Cu14 alloy showed that the system
does not require extensive processing efforts for homogenization and recrystallization.
Leveraging this characteristic, the Mn17Fe21Co24Ni24Cu14 may be an excellent candidate for
developing other systems with additions of other alloying elements. Given that the system
contains significant amount of Ni, it would be interesting to study additions of Al, Mo or
Nb to the system. Each of the listed elements has tendency to form applicable intermetallic
or intermediate phases with Ni. It may be possible to find a combination of additions that
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result in a microstructure that consists of multiple intermetallic phases in combination with
a ductile primary solid solution phase.
Development of multilayered films based on the OsRuWCo system:
The compositional and structural library of the OsRuWCo system developed in this
work provides a solid foundation for developing novel coating materials. Since
compositional variations can produce amorphous and crystalline phases, which are bound
to also result in variations in properties. Leveraging this, multilayers of amorphous versus
crystalline phases can be utilized to tune structure and properties for improved wear and
corrosion resistance.
Grain boundary engineering of HEAs:
This study's evaluation of the Hall-Petch relationship revealed evidence that grain
boundary strengthening in HEAs may be the result of variations in grain boundary
chemistry or structure. On the basis of this observation and the HEA concept, it may be
possible to design materials in which the crystal structure near grain boundaries differs
from the structure of the bulk. It would be fascinating to discover a HEA in which heat
treatments induce preferential segregation near grain boundaries, resulting in the formation
of an amorphous phase. Such a microstructure would have the potential to exhibit extreme
hardening.
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APPENDICES
APPENDIX A. Supplemental Information for Chapter 4

A 1 SEM micrograph showing oxide inclusions and the measured chemical
composition.

A 2 Equilibrium phase diagrams showing metastable miscibility gabs of Cu-Cr, CuCo and Cu-Fe, respectively. The dashed lines represent a hypothetical miscibility
bounds and symbols represent experimentally measured temperatures. Taken from
[140].
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APPENDIX B . Supplemental Data for Chapter 5

B 1 Waterfall XRD spectra of thin film compositions showing the evolution
from amorphous to crystalline in spot sequence 1-24.

B 2 Summary of lattice parameters and c/a ratio for compositions resulting in crystalline
HCP phase
Composition #
13
14
16
17
18
19
20
21
22
23
24

a (Å)
2.733
2.716
2.697
2.692
2.687
2.683
2.670
2.685
2.674
2.694
2.655

c (Å)
4.368
4.347
4.305
4.310
4.307
4.288
4.269
4.288
4.262
4.296
4.242

140

c/a
1.598
1.600
1.596
1.601
1.603
1.598
1.598
1.597
1.594
1.594
1.601
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